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"Time"
Ticking away the moments that make up a dull day 
You fritter and waste the hours in an off hand way 
Kicking around on a piece of ground in your home town 
Waiting for someone or something to show you the way
Tired of lying in the sunshine staying home to watch the rain 
You are young and life is long and there is time to kill today 
And then one day you find ten years have got behind you 
No one told you when to run, you missed the starting gun
And you run and you run to catch up with the sun, but its sinking
And racing around to come up behind you again
The sun is the same in a relative way, but you’re older
Shorter of breath and one day closer to death
Every year is getting shorter, never seam to find the time 
Plans that either come to naught or half a page of scribbled lines 
Hanging on in quiet desperation is the English way
The time is gone the song is over, thought I'd something more to say
Roger Waters, 1973
SUMMARY
The solid solubility of Hf in Al has been extended to 2wt%Hf <0. 3at%Hf) by 
chill casting into a wedge shaped copper mould. This is also the limit of 
solubility of Hf in sub-45pm size high pressure gas atomised powders. 
Primary precipitation of the metastable Ll^ -AlgHf phase in the form of 
cuboid or petal like particles occured upon exceeding the solubility limit. 
It is suggested that in the Al-Hf system the solubility limit is controlled 
by absolute stability rather than solute trapping. The cooling rate 
required to suppress the nucleation of the metastable and equilibium Lls~ 
Al3Hf phases increased with alloy composition. The metastable phase grew 
from a Hf rich centre along the <111> directions and was responsible for 
grain size refinement from 480pm to about 4pm, Hafnium increased the 
lattice parameter of oc-Al at a rate of 0. 003A/wt%Hf and the microhardness 
of the solid solution by 167, 75MPa/wt%Hf <17, lkgmnr^ /wt^ Hf). Clustering of 
Hf in clusters <10A diameter is envisaged as a possible mechanism for the 
strength of the solid solutions. Two modes of decomposition of Al-Hf solid 
solutions have been identified: continuous precipitation of fine spherical 
Ll--2~Al3Hf precipitates and discontinuous precipitation of rod/filament like 
precipitates of the same phase. Precipitate spacings in the range 0.16pm - 
0.3pm are required to account for the peak hardness increments of 225,6- 
382, 6MPa <23-39kgmnra> for Al-<0. 32-1, 04)wt%Hf alloys aged at 400°C for up 
to lOOOh and are in reasonable agreement with the observed spacings of 
0. 03pm-0. 5pm,
Powders of the Al-1. 6wt%Hf alloy were prepared by gas atomisation and 
the sub-45pm powder size fraction was consolidated by extrusion. The as 
extruded grain size was fine <“lpm) and the Hf was retained in solid 
solution. Continuous and discontinuous precipitation of spherical <lnm to 
30nm> and filamentary (aspect ratio 2^5, diameter <0,lpm) type particles 
respectively of the Ll2-Al3Hf phase occurred after lOh ageing at 300°C and 
400#C. Precipitation of this phase was accompanied by an increase in the 
tensile strength, yield strength and hardness. The equilibrium AlaHf phase 
did not precipitate after lOOOh ageing at both temperatures. The 
contributions of grain size, solid solution strengthening and of the 
mechanisms for precipitate shearing and precipitate looping by moving 
dislocations have been calculated and related to the alloy microstructure.
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The fine grain size contributed about 60% and 50% towards the strength of 
the alloy in the as extruded and aged conditions respectively. After lOOh 
at both ageing temperatures precipitate looping was the dominant mechanism 
and the solid solution contribution to strength was diminished.
Discontinuous precipitation contributed about 20% towards the strength of 
the alloy. The experimental relationship o-ss=0. 15HV relates the 
microhardness of solid solutions of Al-Hf alloys to the solid solution 
strengthening contribution to the yield strength of the alloys.
Powders of the Al-2. 25wt%Li alloy reached peak strength after lOh at 
190°C. This is attributed to the precipitation of the 5' (Al3Li) phase. The 
PM Al-0. 91L1-0. 63Hf, Al-l.96Li-l.0Hf, Al-2.2Li-l. 23Hf and Al-2. 64L1-1. 6Hf 
(concentration in wt%) alloys have been studied. Precipitation in the 
Al-2. 2L1-1. 23Hf and Al-2. 64Li-l, 6Hf alloys was controlled by a two step 
heat treatment. During solution treatment at 450*C the cc' (Hf )-Al3 (Li, Hf) 
phase formed by continuous and discontinuous precipitation. During 
subsequent ageing at 190*C the 5' phase formed in the a-Al matrix and at 
the a'/matrix interface and grew giving complete shells around both the 
spherical and filamentary a '(Hf) precipitates. Properties have been 
measured in the solution treated condition and after ageing. Considerations 
of the various strengthening mechanisms suggest that solid solution and 
Orowan strengthening are the two major contributors towards the strength of 
the alloys. Grain size strengthening accounts for only 20% of the strength 
of the peak aged alloys while solid solution strengthening is diminished in 
the peak aged condition. The high level of solid solution strengthening 
prior to heat treatments is attributed to precursor phase/s to 5'.
ii
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CHAPTER 1
INTRODUCTION
The production of high strength low density materials has long been 
sought after by engineers. Among the many candidate materials^ those based 
on the Al-Li alloy system offer excellent specific properties. For example 
in binary Al-Li alloys the addition of 2. 5wt%Li to Al results in a 15% 
increase in the modulus of elasticity and an 8% decrease in the density of 
the alloy (Williams, 1981). However there are certain drawbacks to using 
the binary alloy. These are the poor fracture toughness and ductility 
resulting from localised slip of the strengthening phase, S' (L12-A13L1) 
(Noble and Thompson, 1971), Because of this a number of solute elements 
have been added to binary Al-Li alloys to improve their fracture toughness 
and ductility. Alloying elements in Al-Li alloys include Mg, Cu and Zr (see 
for example, Proc. 1st Int. Conf on Al-Li alloys, 1981).
When aluminium is alloyed with Zr the metastable Ll2-Al3Zr phase can 
precipitate. This phase has the same crystal structure as S'. A number of 
researchers have studied the precipitation reactions and the mechanical 
properties of Al-Li-Zr alloys, Zirconium has also been added to Al-Cr based 
alloys to Improve their strength. It has been shown that when Zr is 
replaced with Hf in Al-Cr-Hf alloys, similar properties can be achieved 
with improved thermal stability (Juarez-lslas et al, 1990). Precipitation 
reactions in Al-Li-Hf alloys have been studied by Levoy and Vandersande
(1989) and compared with those in Al-Li-Zr alloys. However little is known 
about the processing - microstructure - mechanical properties relationships 
in Al-Li-Hf alloys.
This thesis aims to establish a relationship between RS processing - 
microstructure and properties in Al-Hf and Al-Li-Hf alloys and in
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particular to: <i> understand the strengthening mechanism/s which control
the tensile properties of the aged alloys and (ii) identify processing 
conditions, alloy chemistry and thermomechanical treatments which lead to 
improved properties in Al-Li-Hf base alloys.
In order to achieve our objectives the effects of RS processing and 
thermomechanical treatment on the microstructure and thermal stability of 
binary Al-Hf and Al-Li alloys are analysed prior to the study of the 
Al-Li-Hf ternaries. Experiments by high pressure gas atomisation are 
accompanied by the solidification processing of the alloys by chill block 
casting in a wedge shaped copper mould as suggested by Adkins et al (1988). 
Handling of the powders, their degassing and consolidation by extrusion is 
done according to the protocols established by Adkins (1990) and Carney
(1990). Transmission electron microscopy and microanalysis are used 
extensively for the microstructural characterisation.
The relevant literature is reviewed in chapter 2 and details of the 
experimental techniques are given in chapter 3, Chapter 4 is dedicated to 
the experimental results and chapter 5 to their discussion. The conclusions 
and suggestions for future work are given in chapter 6,
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CHAPTER 2
LITERATURE SURVEY
2.i Introduction to Literature Survey
The purpose of the literature survey of this thesis is to introduce 
some of the basic concepts of Rapid Solidification (RS) processing with 
special emphasis on High Pressure Gas Atomisation (HPGA). More complete 
treatments of RS can be found in the reviews by Jones, (1982) Boettinger 
and Perepezko (1985) and Cantor (1986). The alloy systems Al-X (X=Li, Zr, Hf) 
and Al-Li-X (X=Zr, Mn, Cu, Mg) will also be discussed in this chapter with 
particular reference to the stability and decomposition of the solid 
solutions. A separate section is dedicated to the theories of strengthening 
mechanisms in order to provide the necessary link between the 
microstructure and mechanical properties of the alloys investigated.
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2.2 Rapid Solidification
2.2.1 Introduction
The advent of Rapid Solidification (RS) dates back to the original 
work of Pol Duwez et al. (1960) even though it is possible that the RS 
process itself pre-dates this and is around 150 years old (Adam, 1985). In 
the 1960's, gas atomisation was used for the commercial production of metal
j
powders but again, the benefits of RS were not exploited. At the same time 
as Duwez, systematic improvements were also being made in the strength and 
ductility of aluminium alloys by reducing the dendrite arm spacing within 
castings (Jones, 1982),
Since 1960, the field of RS processing has expanded at an extremely 
high rate with the Introduction of many novel techniques. These include 
splat quenching, melt spinning and planar flow casting, melt extraction, 
gas and water atomisation, spray deposition and most recently, laser and 
electron beam surface melting (Jones, 1987). Although the technology 
differs from one process to another, the fundamental principles involved 
are virtually the same in each case.
For RS to take place, heat must be extracted as fast as possible from 
the melt. This is achieved by having one dimension of the melt less than 
lOOjim and in contact with an effective heat sink. Consequently, cooling 
rates of >103k/s can be achieved resulting in:
(1) Formation of non-equilibrium phases
(2) Solid solubility extension
(3) Microstructural refinement and chemical homogeneity.
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Even though the cooling rate is a useful processing parameter, the 
solidification rate is a more fundamental concept involving solute 
diffusion and interfacial kinetic processes. Figure 2. 1 is a structure map 
for Al-Cu based on the theory of morphological stability. For combinations 
of liquid temperature, Gu and solid/liquid front <S/L) velocity V which lie 
to the left of line AB the S/L interface is morphologically stable and 
planar or smooth S/L front growth occurs. With combinations of G^. and V 
that fall in the dome shaped region, the S/L interface becomes 
morphologically unstable and cellular or dendritic growth sets in. The 
sloping lines Gu.V=constant are loci of constant cooling rate f, Thus for a 
given Gu within the "Dome" an increase in V leads to an increase in t and 
hence to structural refinement as shown in figure 2.2. At V values beyond 
line EF in figure 2. 1, the S/L interface is morphologically stable (see 
also §2.2.7) and lateral microsegregation (characteristic of dendritic 
growth) vanishes even though local equilibrium is assumed to prevail during 
fast growth.
Equilibrium at the S/L interface is no longer possible when V reaches 
the diffusive velocity. In this case the solute atoms cannot diffuse away 
from the advancing S/L front fast enough to maintain equilibrium 
partitioning at the interface and solute trapping occurs. The process can 
then reach the case of part itionless solidification in which the solid is 
of the same composition as the parent liquid.
2.2.2 Requirements for Rapid Solidification
There are at least three basic criteria that have to be satisfied to 
achieve microsegregation-free microstructures.
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(1) The thermodynamic criterion is often defined in terms of a composition 
dependant temperature T0, which, for a particular composition CL_*; of alloy, 
is the temperature at which solid and liquid have the same free energy. At 
the T0 temperature the liquid will freeze Into solid of the same 
composition. This leads to solidification without any solute segregation 
(i.e., to a microsegregation free structure, the phenomenon is also known 
as solute trapping). In practice the undercooling must be somewhat below 
this thermodynamically Imposed limiting temperature T0 before solute 
trapping becomes possible. The range of solute trapping depends on how 
steep is the variation of T0 with composition (see figure 2.3).
(2) The morphological criterion determines the interface velocity above 
which the interface is absolutely stable towards perturbations (i.e., no 
cells or dendrites form). For dilute alloys both very slow and very fast 
interface velocities can lead to planar solidification; at low velocities 
there is only equilibrium segregation, while at high velocities (e.g., 0.1- 
lm/s for dilute Al-Cu alloys [Cohen and Flemmings, 19853) there is solute 
trapping. If solute trapping is not feasible in a particular instance of 
freezing, RS can still lead to fine dendrites and therefore to a fine scale 
of microsegregation. This implies that homogenization will be much faster 
than with a slowly cooled alloy. With or without solute trapping, RS aids 
the formation of homogeneous solid solutions, stable or metastable and this 
is one of the most crucial advantages of RS processing.
(3) The heat flow criterion. Even if solute trapping is achieved according 
to one or the other of the above criteria, the solute will be released to 
segregate after all if the undercooling is not large enough to prevent 
recalescence to the liquidus temperature. For this to happen the amount of
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undercooling that is needed is AT>Lf/c where Lr is the latent heat of 
fusion and c , the specific heat of the liquid; for Al AT=370K. One of the 
main practical limitations in achieving large undercoolings is the presence 
of the so called nucleation catalysts which are usually present in the melt 
(see below). These nucleating agents are present in any melt volume unless 
stringent efforts are made to exclude them. One of the most successful 
means of achieving this is to subdivide the melt into small volumes (e. g. 
droplets as in gas atomisation, one of the experimental techniques used in 
this thesis) with the aim of generating a large fraction of melt droplets 
which will be nucleant free.
The latent heat generated by the solidification process can be 
extracted primarily via a substrate with the heat being extracted back 
through the transformed solid. However, the heat can also be partially 
absorbed in the undercooled melt. For melt spinning, heat extraction 
through the substrate dominates but in the case of atomisation, heat is 
extracted via a combination of the two processes, Heat extraction for 
atomised droplets has an added complication in that heat is removed in a 
3-D manner unlike melt spinning and splat quenching. The different types of 
heat flow are given in Table 2,1.
For unidirectional heat extraction, as in the case of melt spinning, the 
melt must be in contact with an efficient heat sink. The heat flow is from 
the melt to the heat sink with a direction normal to the melt-substrate 
interface. The cases for chill casting and splat quenching are slightly 
different and are discussed below. Heat transfer in High Pressure Gas 
Atomisation (HPGA) is discussed separately in §2.3.4. In the latter 
processes heat is extracted in two directions away from the centre of the
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melt. However because the third dimension is small <100fj.m, the heat 
extraction can be approximated to 1-D heat flow with the thickness, x being 
replaced with 2x in the relevant heat transfer equations (Jones, 1982).
Heat flow in a cooling slab in contact with a heat sink at a uniform 
temperature Ts is by conduction, with the rate of heat flow per unit area, 
given by,
q = -rndT/dx (2.1)
where a is the thermal conductivity of the slab and T(x,t) is the 
temperature.
The heat sink is taken to be perfectly efficient so that its 
temperature remains at Ts, the substrate temperature. The thermal contact 
between the heat sink and the slab is given by Newton's law of cooling,
q = h (Tx - Ts> (2.2)
where h is the heat transfer coefficient and Tx is the temperature of the 
slab at a distance x away from the substrate. By solving the 1-D thermal 
diffusion equation,
ST/St = aS^T/Sx* (2.3)
temperature profiles in the slab can be found for different times, Here a -  
k/pc = thermal diffusivity of the slab material, p is its density and c is 
its specific heat.
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When the heat sink is less effective, a rise in the slab temperature 
will occur. The heat extraction rate will then depend on the thermal 
conductivity of the material.
Silver and gold have extremely good thermal conductivities (see Table 
2.2). However they are too expensive to be used in practice.
Aluminium can be used as a heat sink but its low melting point severely 
limits its use. Instead, copper is preferred as a heat sink in most RS 
processes. For high temperature alloys (e.g., Ti alloys) Fe and Mo heat 
sinks are used even though their thermal conductivities are lower. The 
limiting factor with all heat extraction is the interface between the melt 
and substrate.
Figure 2.4 shows a schematic solidification arrest on a cooling curve 
during RS of a 1-D slab (Cantor, 1986). The liquid cools to a temperature,
Tn below the equilibrium freezing temperature, TTj before solidification is 
nucleated followed by recalescence to a steady state growth plateau at a 
temperature TQ below the equilibrium freezing point. If we assume that 
perfect Newtonian conditions persist, the latent heat liberated by 
solidification is dissipated partly by heat transfer across the heat 
sink/slab interface and partly by a rise in the slab temperature.
LfpV = h(T-Ts) + XpdT/dt (2.4)
where V is the solidification rate, X Is the thickness of solidified slab,
Lr is the latent heat of fusion and dT/dt is the rate of increase in slab 
temperature.
Substantial undercoolings can be achieved in small droplets (see below) 
and also in bulk materials of considerable volume (Bardenheur 1939). One 
method is to use the technique of containerless processing in a vacuum
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environment where no catalytic impurities exist. This can be achieved in 
levitation melting experiments (Wu et al, 1984) although a limit is imposed 
via gravity. Drop towers have also been used even though there are inherent 
problems within the system, e.g., uncertainties in the temperature 
measurement due to the rapid movement of the sample, vacuum cleanliness and 
short experiment times limited by the freefall height.
2.2.3 Nucleation
Nucleation is the step in the solidification process which limits the 
amount of undercooling and selects the starting phase for solidification. 
The latter can be in the form of equilibrium or metastable phases or, in 
the extreme case, a metallic glass.
For crystallisation to commence, a finite amount of undercooling is 
required. This undercooling provides the driving force to surmount the 
energy barrier involved in the formation of a nucleus of a crystalline 
phase. Once this phase is formed, a lower undercooling is required to 
sustain the growth process,
The system uses the easiest way to accomplish the liquid to solid 
transformation and this generally results in a low nucleation threshold 
(ie. , a small undercooling). The lowest nucleation barrier is achieved with 
the assistance of catalytic impurities. Two types of nucleation can be 
identifled.
Homogeneous Nucleation - which depends on the intrinsic properties of the 
material and occurs with the same probability in the volume of the system.
Heterogeneous Nucleation - which is characterised by a decrease of the 
nucleation threshold through the effect of catalytic impurities.
2.2.4 Homogeneous nucleation
According to the classical theory of nucleation (Turnbull, 1952) the 
free energy AG for the formation of a spherical nucleus is
AG = p. 411^ - AGt_.3. (4tc/3). r3 (2.5)
Here r is the radius of the spherical nucleus, £ is the solid-liquid 
interfacial energy and AGU!3, the free energy change in forming a unit 
volume of solid from the liquid.
The free energy, AG, exhibits a maximum, AG*, at a critical radius rc 
given by,
AG* = (16x/3). P3. (l/AG,,*)* (2.6)
where rc = 2p/AG,_<5.
For pure metals, the difference in free energy between undercooled 
liquid and the solid, AG,_S, can be estimated from
AG,,* = ALr. (Tr-T)/Tr = ALr, (AT/Tf) (2.7)
Any embryo that exceeds the critical size, rc becomes a nucleus and 
grows while those with a radius less than rc do not grow and dissolve back 
into the melt. At equilibrium, the number Nc of embryos of critical radius
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rc is given by
Nc = Nx. exp(-AG*/KeT> (2 . 8 )
where Nx is the number of atoms in the liquid and KB is the Boltzmann 
constant. Nuclei will grow to initiate crystallisation upon attachment of a 
single atom, This occurs via an activated process with an energy barrier, 
AGa, which can be described through the dynamic viscosity, nv
where Tg is the glass transition temperature and nc. is a pre- exponential 
f actor.
The rate of nucleus formation is
with Qv = N-,. A/nv=10‘ct1/masec (Perepezko, 1986) where A is the jump 
frequency of the liquid atoms.
In the original work by Turnbull (1952) maximum undercoolings were 
given for pure metals (see Table 2.3). However the more recent work by 
Perepezko (1986), who measured larger undercoolings than Turnbull, has 
shown that these undercoolings did not correspond to homogeneous nucleatlon 
but to heterogeneous nucleatlon.
nv = nQ. expC (AGp,) / (ks(T-Tg}) ] (2. 9)
Nv = Qv, exp (-AG*7keT) (2 . 1 0 )
2.2.5 Heterogeneous Nucleation
In processes which involve large volumes of melts, eg chill casting and 
bulk atomisation, the volume of melt may contain a large number of 
impurities. These impurities will act as heterogeneous nucleation sites 
depending upon their potency. The effect of these sites can be described by 
the classical theory of nucleation. For heterogeneous surface nucleation
Na = Qa exp C -AG* f <e)/kBT 3 (2. 11)
where QA is of the order K P ’nr2 sec-1 (Perepezko, 1986) and is 
proportional to the number of liquid atoms in contact with unit area of 
catalytic surface as well as the jump frequency of liquid atoms.
For heterogeneous nucleation on a planar catalytic site
f(0> = C 2-3cos6 + cos39 3/4 (2. 12)
The contact angle on nucleation of pure Al melts has been studied by
Mueller and Perepezko (1987) and Perepezko et al. (1986). It was concluded 
that by using the emulsification technique to disperse a volume of melt 
into fine droplets, the maximum measured undercooling for Al of 175K 
corresponds to potent nucleants with a contact angle giving f(©)=0. 39,
From equations 2. 10 and 2. 11 the nucleation rate is a steep function of 
temperature and its magnitude is determined principally by AG* at the 
nucleation temperature TN.
For homogeneous nucleation, the prefactor term is usually taken to be 
constant but for heterogeneous nucleation both the catalytic site density 
and active surface area must be considered. Furthermore because the
potency of a nucleant ie unknown a range of f (0) values between 0 and 1 are 
assumed in the calculations (Perepezko, 1986).
The other important parameters in determining the nucleation rate are 
AGl.* and p. For pure metals, the value of AG,_* can be calculated from eq. 
(2.7) or more accurately from,
AGUS = ALrAT/Tm - J AcdT + T J Ac/T dT (2.13)
when experimental data is available for Ac, the heat capacity difference 
between undercooled liquid and crystal.
The use of eq. (2.7) may lead to errors in AGl* greater than 10%, This 
could alter the prefactor by more than a factor of 10s which is near the 
magnitude of the ratios of the prefactors for heterogeneous and homogeneous 
nucleation (Perepe2ko and Paik, 1984).
Since the nucleation rate is proportional to exp(-p3) even a slight 
change in p will result in large errors in the nucleation rate. Thus many 
attempts have been made to measure accurately the value of p. One of the 
approaches used is for the values of p to be calculated from nucleation 
experiments by assuming that the experimentally obtained maximum 
undercoolings correspond to homogeneous nucleation, However unless the 
maximum experimental undercooling corresponds to homogeneous nucleation 
(very difficult to confirm experimentally), the calculated p value will be 
an underestimate (Perepezko, 1986).
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2. 2. 6 Nucleatlon in Alloys
In classical nucleatlon theory, statistical fluctuations are assumed to 
be responsible for the formation of the nucleus. Any fluctuations in 
composition are not considered. Thus equations 2.10 and 2.11 are only 
applicable to pure metals. In an alloy both the interfacial energy, 0 and 
the liquid-solid free energy difference, AGLS( depend upon the alloy 
concentration, C. The size and composition of the critical nucleus can be 
calculated by looking for the smallest activation barrier, AG* which will 
be a saddle point in the three dimensional space given by r, C, and G.
For alloys the value of AGUS is determined from the composition of the 
nucleating phase at TN such that
AGV = tXA ApA + (1~XA) Ap*3] / Vr„ <2. 14)
where XA is the mole fraction of A, ApA and Ap13 are the chemical potentials 
of components A and B and Vrn is the molar volume of the crystalline phase 
at composition XA.
For a nucleus of critical size which is in unstable equilibrium with
the liquid, its free energy equals that of the undercooled liquid.
According to the Gibbs-Thompson equation, the melting point of a spherical 
solid nucleus is lowered by,
ATr = (0Tr/L>. (2/rc> (2. 15)
In a free energy diagram of a pure component, a decrease in the melting 
temperature can be related to an upward shift in the solid free energy 
curve. This gives a curve of free energy vs composition different to that
of a large system. Therefore a nucleus will be found at a composition not 
equal to that of the melt. Whilst in general the partition coefficient for 
a small particle is different from the bulk value, the nucleus composition 
will often be close to the equilibrium solidus point provided AT*. and the 
free energy curve are weakly dependent on concentration and temperature 
respectively (Kurz and Fisher, 1984).
For peritectic Al-alloys processed by HPGA, the nucleation of 
intermetallics depends on the subdivision of the melt. For droplets which 
contain no active catalytic impurities, nucleation will be homogeneous.
Undercoolings in HPGA powders for a-Al, Al-Cr and Al-Zr alloys have 
been calculated by Pan et al. (1989) and are given in Table 2. 4. In their 
analysis the entropy of fusion is the important term in determining the 
relative nucleation frequencies of the phases.
Using this type of data predominant nucleation maps can be constructed. 
Figure 2.5 is such a nucleation map for Al-Cr alloys. Pan et al. (1989) 
concluded that as the powder size decreases, the formation of a-Al becomes 
more likely and that in Al-Cr alloys the Al1:3Cr2 phase is favoured to the 
Al,t Cr2 phase.
The formation of an oxide on the surface of Al alloy powder particles 
may give rise to heterogeneous surface nucleation. Similarly, for those 
droplets which contain a number of catalytic volume impurities, these could 
be activated at a certain undercooling thus resulting in heterogeneous 
volume nucleation. (Perepezko, 1986)
Adkins and Tsakiropoulos (1990) calculated the maximum contact angle 
for the least potent active nucleant in Al-Cr HPGA powders. Table 
2. 5 gives their data along with the average number density of active 
nucleants, M,,,
According to Perepezko (1986) for heterogeneous surface nucleation,
6miw:u.<118*. This is in good agreement with the results of Adkins and 
Tsakiropoulos (1990).
2.2.7 Growth Kinetics
Once nucleation has occurred the solid/liquid interface moves through 
the liquid until all the liquid is consumed. For pure metals, the growth 
front velocity is controlled by heat flow. This heat can be absorbed within 
the melt provided the melt achieves a high enough undercooling before 
nucleation occurs to prevent recalescence. If the undercooling is not high 
enough and recalescence occurs, the remaining heat must be extracted via 
the substrate through the solid which has already formed. In melt spinning 
the majority of heat is extracted back through the transformed solid.
However for atomised alloy droplets, heat is consumed via the interface 
between the droplet and gas and the additional melt undercooling coupled 
with the added complication of 3-D heat extraction.
As discussed in §2.2.2, non equilibrium conditions may prevail at the 
solid liquid interface during RS. Understanding the non equilibrium 
interface conditions requires a solution to the complex moving boundary 
problem at the S/L interface.
According to Baker and Cahn (1971) the interface temperature TA and the 
composition of the solid at the interface C** can be written as
T4 = T - TJY T = T (V,C*L) (2. 16)
C*s = C*Lk k = k (V,C*L) (2. 17)
where C*,_ is the composition of the liquid at the interface, V is the local 
interface velocity, T=p/L is the capillary constant and r is the curvature
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of the interface.
Both the temperature and the partition coefficient are dependent on the 
velocity, V. At zero velocity, T (0, C*j_) represents the liquidus curve and 
k (0, C*,_) is the equilibrium partition coefficient, k0.
The dependence of the solute partition coefficient upon the local 
solid/liquid interface velocity has been studied by many workers and 
according to Aziz (1982)
k = C k0 + IDV 3 / C 1 + IQV 3 (2.18)
where I0 = a0/D with a0 an atomic distance and D the diffusion coefficient.
For the typical values of D=:2xlO'^m^s-1 and ao=5xl0“ '°m eq. (2. 18) gives 
1/I0 = 4ms-1.
The concentration of the solid at the interface, C*s also depends on 
the interface velocity. At V=0, the concentration of the solid lies on the 
solidus curve. At intermediate velocities, C*s moves towards the 
composition of the liquid with an increase in the undercooling. At high 
velocities, the concentration of the solid approaches that of the liquid at 
the interface (see also figure 2.3).
Above, it was assumed that the local interface velocity was always
constant. However V depends upon the state of the system which includes the 
heat transfer coefficient, the undercooling and the shape of the interface.
During planar growth, solidification occurs with no lateral micro­
segregation. The liquid layer ahead of the interface becomes undercooled 
due to the rejection of solute by the growing interface. The stability of 
the interface depends upon the ratio of the temperature gradient in the i
liquid, Gu, to the velocity, V, such that at the limit of solidification
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rate (line AB in fig. 2. 1)
Gu/V = mC0 I k0 - 1 3 / C Duk0 3 (2.19)
the S/L Interface is planar. In eq, (2.19) m is the liquidus slope and C0 
is the alloy composition.
For interface velocities to the right of line EF in fig, 2. 1 the solute 
atoms cannot diffuse away from the advancing front fast enough to maintain 
equilibrium partitioning at the interface and so 'solute trapping' or 
'partitionless freezing' sets in. In terms of diffusivity, this occurs when 
the solid liquid interface is moving an order of magnitude faster than D,_Axo 
where Du is the diffusivity of the solute in the liquid andcxa is the 
diffusion random jump distance, ie at velocities >5ms_1.
At slightly lower velocities, there is a limited time for lateral 
solute segregation in the liquid to occur. Any perturbations which form 
have a short wavelength which requires a large increase in the Interfacial 
area. These are counter balanced by capillary forces giving a stable 
interface. This effect, a planar interface at lower velocities, but still 
near the line EF in fig. 2. 1 is now known as 'absolute stability' (Mullins 
and Sekerka, 1964). The absolute stability velocity is
V*.* = AT0Du./(kD (2.20)
where AT0 is the freezing range, k is the solute partition coefficient,
Dl. is the diffusion coefficient of solute in liquid and f is the Gibbs- 
Thompson coefficient,
Eq. (2.20) assumes that the undercooling present is sufficient for 
nucleation and growth but not large enough to extract the latent heat
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itself. For atomised droplets, the solidification rate could be greater 
than and would be dependent to a certain extent on the level of 
undercooling.
At lower velocities <ie. in the dome shaped region in fig. 2.1) the 
protrusions dominate allowing a morphological unstable front to advance.
This is in the form of a cellular or dendritic shape. Lower velocities 
increase this effect giving larger cells and wider arms within the 
dendrites. Although the only distinguishing feature may be the size of the 
cells or dendrites, the structures may vary in terms of solute 
distribution. At extremely low velocities, all of the solute will diffuse 
back with the protrusions giving once again a planar front.
The concept of a transition from absolute stability (V^) to solute 
trapping (V± ) has been introduced to account for the formation of extended 
solid solutions in Ag-Cu alloys (Boettinger et al, 1984). The critical 
concentration at which this occurs can be expressed as
C0CR1T = k2. r / m(k-l)a0 (2.21)
Jones (1991) showed that for Al-Mn alloys Vat, never reaches even at 
100%Mn, which suggests that the formation of extended solid solutions in 
these alloys is controlled by absolute stability rather than solute 
trapping. On the other hand for Al-Fe alloys a small change in C0 results 
in a large increase in Vmt, such that V_,t,=Vi. at low alloy concentrations. 
Thus in Al-Fe alleys the formation of segregation free solids is always 
determined by solute trapping. This accounts for the rarity of reported 
Al-Fe microstructures showing segregation free solid.
2.3 High Pressure Gas Atomisation
2.3.1 Introduction
Among the many RS processing techniques (Jones, 1982, 1987), High
Pressure Gas Atomisation (HPGA) provides the unique combination of 
effective cooling rates and the production of fine particulate on a bulk 
scale (Ricks et al, 1986).
There exist a variety of atomisation techniques including HPGA and
Ultrasonic Gas Atomisation (USGA), water atomisation, centrifugal 
atomisation and the rotating electrode process. The overall process of 
atomisation is governed by several interrelating operating parameters.
These include the distance between the die and the point and angle of 
impingement between the melt and gas, the nozzle geometry, velocity of gas
and metal and the melt superheat (Tsakiropoulos, 1989),
2. 3. 2 Gas-Melt Stream Interactions
All atomisation processes require the discharge of molten metal into a 
die arrangement where Impingement by the atomising gas causes the melt to
fragment and the droplets to solidify as fine particles. Much work has been
performed in the development of different atomisers and die designs. 
Ultrasonic gas dies have been used which give pulses within the die. This 
is claimed to give a more effective gas flow. The atomiser used for the
experimental work presented in this thesis has a straight sided die
configuration giving ultimate gas velocities in the range of Mach number 
Nm*, 0.9 - 1.0 (Ricks et al, 1986).
Atomisation occurs by the transfer of kinetic energy from the gaseous
atomising medium to the liquid metal. In general gas atomisation involves 
three stages;
(1) Formation of a wave on the liquid surface with a particular wavelength 
and wave number
(2) Removal of liquid ligaments and
(3) Spheroidation of these ligaments
The first two stages have been studied theoretically by Bradley (a, b, 
1973). The third stage was treated mathematically by Lord Rayleigh in 1878. 
The analysis of Bradley makes use of the Rayleigh equation for the collapse 
of a ligament of radius Rx to give droplets of radius, r
r = 1. 887RX (2. 22)
For subsonic (NMa,<l) and supersonic (NMai>l> gas speeds, Bradley (1973) 
calculated the wave number of the fastest growing wavelength, Kr,)ao< from
= ( p g V ^ * )  /  (XJ3,,) ( 2 . 2 3 )
where xm is a dimensionless number (0. 1- 10) is the density of the gas, 
Vrri#s>< is the sonic gas velocity and 0L is the surface tension of the liquid. 
Assuming that R is a function of the maximum wavenumber, Kmot5<
d = 2r = 2. 95 / Kmai:* (2. 24)
Bradley's treatment predicts that in the supersonic regime and for 
l<NMm<1.5, the powder size will decrease while for NMwi>1.5, the powder size 
will increase. Some experimental results for gas atomised Al and Fe based 
alloys seem to support such a trend (Liu and Williams, 1988). Bradley's
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(1) The minimum powder size in the supersonic region is
d = 0. 678pL / (p£JVr,ta,3<2) (2.25)
For liquid Al this gives powder of 4. 6pm in He and 4. 2pm in Ar. Reported 
powder size are greater by almost -70% (Tsakiropoulos, 1989).
(2) Finer powder can be produced with Ar gas. This has never been confirmed 
by experiment.
Once the ligament has been removed, the time for its spheroidisation is
ts = ([pLX3rni5,:J  / C2TCpL] ) ^ 2 (2.26)
where Xmao< is the maximum wavelength. Using the relevant data for Al 
atomised with He gas Table 2. 6 shows the calculated spheroidisation times. 
Also given in this table are the freezing times t r calculated from 
eq. (2.34) below. The data in Table 2.6 suggests that under the atomisation 
conditions described by the given NMa, the Al powders will have spheroidised 
before freezing.
Using asymmetrical gas jets, Matei et al. (1986) performed melt
disintegration experiments on Ni-Cr based alloys. They concluded that non-
spherical powder particles were formed due to the presence of the 
asymmetrical jets which broke up the droplets in a two stage process.
Non spherical powders have also been observed when high percentages of 
oxygen were present during atomisation (Carney et al, 1990, Ozbekyna et al, 
1989).
theory also predicts that:
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2.3.3 Powder Particle Size and Distribution
The size and distribution of the powder particles can be related to the 
controlling parameters of the atomisation process. The mass median powder 
size dm can be correlated with the molten stream diameter d0 using the 
Lubanska (1970) equation,
where nm.lt is the viscosity of the molten metal, nQ4„fl is the kinematic 
viscosity of the atomising gas, is the molten metal flow rate,
is the atomising gas flow rate, Kd is a constant (usually 50) and NWE 
is the Weber number.
where Vg is the exit velocity of the atomising gas and is the density
of molten metal. Even though eq. (2.27) has been derived from experimental 
data at low gas pressures, it has been used extensively to calculate the 
dependence of powder particle size on various processing parameters.
Assuming a ratio of Jrncei*/Jgau3= 1 and d0=2mm, dr„ can be calculated from 
eq, (2.27) for a variety of gas velocities for He and Ar as the atomising 
gases. For Al Kd=50 and it can be assumed that the maximum gas velocity 
Vr,1Wx is equal to the sonic velocity of Ar and He of 307 and 970 ms-1  
respect ively.
= d0Kd[ (n, f  • NwEC 0  + J (2. 27)
(2. 28)
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The data In Table 2.7 shows that a decrease in the gas velocity results 
in an increase in the powder particle size. Furthermore He with its higher 
sonic velocity gives powders an order of magnitude finer when compared with 
Ar. This trend has been confirmed by experimental work (Adkins et al, 1989 
/ Tsakiropoulos, 1989).
Using the sonic velocities for Ar and He and a ratio of Jme,1-t/JQa,ra=l it 
is also possible to calculate the powder size for different melt stream 
diameters (d0), This data is given in Table 2,8.
The calculated effect of a change in melt stream diameter on the powder 
size is only slight (Table 2.8), contrary to experimental observations. The 
reason for this difference is that the ratio JrrieilJQa>1B is also very 
strongly dependent on the dQ value. In Table 2.9 powder particle sizes 
have been calculated for various ratios for He and Ar by keeping
all other parameters in eq. (2.27) constant.
A empirical correlation between powder size and the gas/metal ratio has 
been given by Dunkley (1990)
dm = I x (2.29)
where X is a constant which is typical of the atomisation process (gas, 
water etc.).
There are three possible ways of decreasing the Jrn&lil/JOBua ratio:
(1) Decrease the amount of metal delivered to the point of atomisation,
(2) Increase the gas atomisation pressure,
(3) Increase the gas exit area.
If the amount of metal delivered to the point of atomisation is reduced 
(ie the melt stream diameter is reduced) this can lead to freezing during 
the atomisation run especially when a low superheat is applied to the melt. 
Alternatively an increase in the gas atomisation pressure will lead to an 
increase in the back pressure at the nozzle and as the atomisation gas 
pressure reaches the critical point where the back pressure equals the 
applied overpressure or metalostatic pressure the melt will also freeze.
Eq. (2.27) is a correlation between complex parameters. In practice, 
finest powder can be produced by a combination of small melt stream 
diameters, low metal/gas ratios and high atomising gas velocities. In 
recent years and as more data is becoming available from gas atomisation 
experiments, modifications have been proposed to the Lubanska equation to 
take into account the high atomisation gas pressure. Coombs et al. (1990) 
have correlated such data between atomising conditions and powder particle 
size in Osprey type atomisers and proposed a modified version of the 
Lubanska equation
dm = 1 1 , do1 (1 + J ^ i i V J ^ ) 1"*]/ (P + 1) (2.30)
Here I is a constant and P is a gas pressure term. Whilst eq. (2.30) is in 
good agreement with some experimental results, there is need for more 
experimental data before such an expression is considered as a universal 
equation for the calculation of dro,
2.3.4 Heat Transfer in HPGA
The heat flow from the powder particle to the surrounding gas can be 
separated into (1) An initial transient period before steady
state heat flow occurs, and (2) Quasi steady state heat flow (Clyne et al, 
1984).
The initial relaxation period before steady state heat flow is 
established can be studied numerically by using the dimensionless groups;
N,m«j = hd/e (2.31a)
NREt = pud/n (2.31b)
Npr = cn/(mp) (2,31c)
where h is the heat transfer coefficient, d is the particle diameter, is
the thermal conductivity, p is the density, u is the convective flow 
velocity, n is the viscosity and c is the heat capacity.
For a sphere with a NPR = 1 and NRE = 100, Abrazamon and Elata (1981) 
calculated a relaxation period of ns for a 1pm droplet to lOps for a 100pm 
sphere. As the freezing times are effectively two orders of magnitude 
greater than this (Table 2,6), the transient behaviour can be ignored.
The dependence of Nwu. on NRR a/xt is
Nnu = 2 + 0. 6NRe^ 2. I W /3 (2.32)
By combining eqs. (2.31) and (2.32), the steady state heat transfer 
coefficient, h is given by,
h = 2m/d + 0. 6 (u/d)1/:2. (fi^ c)1'3. (p/n) 1 ' 6 (2.33)
Finer powder particles are associated with higher values of h, a 
typical value for He being lO^Wnr^K-1. Furthermore h is not heavily
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dependent on u. For u=0, (ie heat transfer only by conduction), the values 
of h for He are still high 10sWnr~2K~1.
The freezing time tf of a droplet of diameter d which is cooling under 
Newtonian conditions (constant value of h) can be calculated from
tf = d(c.ATwwp + Lf)/6h(Tf-T0) (2.34)
where AT^^p is the melt superheat and Lf is the latent heat of fusion
(Clyne et al, 1984), or alternatively from
tf = C (-MpC)/(hSp) ] In C (T2 - Tg)/(T, - Tg) 3 (2.35)
as proposed by Wang et al, 1987. In eq. (2,35) Mp is the mass of the powder 
particle, Sp is its surface area, T, is the initial powder particle
temperature, T2 is the final temperature of the solidified particle and Ta
is the gas temperature.
Freezing times calculated from eqs. (2.34) and (2.35) are ^Ijis for the 
smallest particles and l-10ms for the 100pm droplets. Thus if the atomising 
chamber is sufficiently large in flight freezing is expected for all 
typical gas atomised powders. The smallest droplets (<3jim) with high 
undercoolings may become hypercooled (see §2,2.2), For the larger droplets, 
recalescence will occur resulting in a sharp decrease in growth front 
velocity.
2.3.4 Oxidation and Surface Segregation in HPGA Powders
Oxidation of gas atomised Al alloy powders can occur <i) during in 
flight solidification (ii) when the powder particles are in the collection 
box and (iii) during exposure of the powder to air.
During in flight solidification (at T<535°K) the operating mechanism of 
oxidation is governed by the Mott theory (Cabrera and Mott, 1948, Carney et 
al, 1990) which predicts a limiting thickness of the first few atomic 
layers, Above 535*K, the oxide growth is limited by the number of oxygen 
atoms within the atomising gas. For the HPGA powders produced at Surrey 
with He as the atomising gas the average oxide thickness has been measured 
by X-ray photoelectron spectroscopy (XPS) and is in the range of 0. 7 to 2nm 
(Carney et al, 1990). When the powder was exposed to air other variables 
influenced the oxide thickness. For example in HPGA Al-Li alloy powders the
surface segregated Li forms Li3C03 which affects the consolidation of the 
powders.
Carney et al (1990) defined an enrichment factor,
EP = < <C Ml / C Ml + [ A l l  ) wcir-f /  -C (t Ml / [  M3 + [ A 13 )bMlk> ( 2 . 3 6 )
giving the ratio of the concentration of the solute, M, in the surface 
compared with its concentration in the bulk for the analysed region. Table 
2. 10 gives the "ranking order" of several alloying elements in aluminium 
according to the Ep values along with the free energy of oxide formation 
and rate of diffusion in molten aluminium.
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Carney et al (1990) concluded that there is good agreement between the 
enrichment factor and the diffusion of each element in molten aluminium and 
that solute segregation to the surface of the powder particles is occurring 
during their solidification.
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2. 4 Strengthening Mechanisms
2.4.1 Introduction
Strengthening mechanisms operating at low and intermediate temperatures 
(<0. 5Tr„) rely on blocking or inhibiting dislocation glide. The principal 
mechanisms which can operate are:
(1) Grain and sub-grain boundary strengthening
(2) Solid solution strengthening
(3) Precipitation or dispersion strengthening.
In addition to these mechanisms, there may be a strengthening effect 
associated with preferred crystallographic orientation. Although the above 
mechanisms may operate independently, the general observation is that they 
are used in a combination of two or more. It should also be noted that 
collectively, the contribution from each mechanism is less than that 
anticipated from an Individual basis. The contributions of various 
strengthening mechanisms to the overall strength of an alloy are complex, 
Individual contributions can be estimated provided certain microstructural 
features are known. These Include:
(i) average particle size and shape 
<ii> volume fraction of particles present within the matrix 
(ill) alloy grain size 
(iv) amount of solute present within the matrix 
<v) nature of the particle and its relationship with the matrix.
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2. 4. 2 Grain or Sub-grain Boundary Strengthening
One of the advantages of producing alloys via the RS powder metallurgy 
(PM) route is the refined microstructure and the associated fine grain 
size. The contribution in strength due to the grain size was first treated 
quantitatively by Hall (1951) and Petch (1953) and is given by the so- 
called Hall-Petch equation
ctv = a0 + K Hp//d (2.37) A
where <sy is the yield strength, er0 and KHP are material constants and d is 
the grain size.
A large value of cr0, as for precipitation and dispersion strengthened 
alloys, reduces the grain size contribution to strength. Hall and Petch 
assumed that the propagation of slip from one grain to an undeformed 
neighbouring grain was associated with a stress concentration at the grain 
boundary resulting from a dislocation pile up at the grain boundary.
Although this particular mechanism has been widely debated (Gleiter, 1983), 
the applicability of eq. (2.37) has been confirmed for a variety of 
materials.
The material constants cr0 and KHp have been determined for rapidly 
solidified Al as ar0=14. 6MPa and KHP=2. lMPamm<: 1 (Yamane, 1986). Figure
2 . 6  shows the yield strength as a function of the grain size for rapidly 
solidified Al, In alloys with d>10pm the grain size contribution is very 
small. However there is a rapid increase in ctv from 240MPa at d=0. 1pm to 
700MPa at d=10nm.
The effect of grain size on the strength of the PM 7091 alloy has been
- 33 -
studied by Kirn and Griffith (1984) who used various thermomechanical 
treatments to produce specimens with grain sizes in the range 3 to 800pm. 
Their results are shown in figure 2.7. Kim and Griffith concluded that the 
fine grain size was responsible for the strength of the alloy in the as 
consolidated condition and that grain growth reduced the strength of the 
alloy regardless of the initial grain size.
2. 4. 3 Solid Solution Strengthening
In Al alloys the most important solid solution strengthening mechanism 
depends on the interaction of moving dislocations with solute atoms. Mott 
and Nabarro (1948) proposed a theory relating solid solution strengthening 
to the interaction of moving dislocations with the local internal stress 
field created by isolated solute atoms having an atomic size different from
that of the solvent atoms. The magnitude of the stress is
1/
'  Ax = [ 1/a. (da/dC)]. Edx/dCl- 1 (2.38)
where a is the solvent lattice parameter and da/dC is the change in lattice
parameter of the solid solution with atomic concentration of the solute. 
Fleischer (1963) observed that there may also be a contribution from the 
difference in moduli between the solute and matrix such that
*/at = [ 1/G. (dG/dC)], Cdx/dC] - 1 (2.39)
where G is the solvent modulus and dG/dC is the change in shear modulus of 
the solid solution with atomic concentration of solute.
Thus eqs. (2.38) and (2.39) give the combined atomic and modulus effects
/ Lx ~ [1/a. (da/dC)]. I dx/dC] “ 1 + C1/G. (dG/dC)]. [ dx/dC] (2. 40)
Calculations of solid solution strengthening through hardness 
increments have been proposed by Babld et al (1973) and Fontaine (1976).
Babid et al (1973) observed that for first series transition metal 
solutes in aluminium the hardness increased inversely with the extent of 
deviation of the dependence of lattice parameter on concentration from 
Vegards law.
Fontaine (1976) on the other hand related solid solution strengthening 
to the difference between the atomic size of the solute and solvent giving 
rise to strain fields around the solute atoms.
In eq. (2.42) Kp is a constant (Kp=79 for Zr, Cr and Mn), G is the shear 
modulus of the solvent (for Al G=27GPa), C is the solute concentration and 
v\ Is the atomic size factor
where r i s  the atomic size of the solute and r0 is the atomic size of the 
solvent.
Fontaine (1976) noted that for Al-3at%X alloys (X=Fe, Co or Ni), the
Hv = (1/H0)(SH/8C) (2. 41)
= H0 + KpG(q.C) ^ 3 (2. 42)
n = I r^ ,- r0 l / r 0 (2. 43)
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measured hardness value was double that calculated from eq. <2.42). 
Subsequent Investigations using Mtissbauer Spectroscopy revealed that such 
differences in hardness could be attributed to solute clustering (clusters 
<20A) which could not be observed by conventional electron microscopy 
(Fontaine, 1976).
Adkins (1989) attempted to calculate the various strengthening 
mechanisms for HPGA Al-Cr-Zr-Mn alloy powders. The grain size was measured 
and the contribution in strength was calculated (see Table 2.11). The solid 
solution strengthening contribution was also estimated and the difference 
between measured and calculated strength was attributed to dispersion 
strengthening. Adkins (1989) concluded that it is the fine grain size of 
the alloys that makes the important contribution to their strength in the 
as consolidated condition. The main drawback of his analysis was the 
inability to calculate, with some accuracy, the solid solution 
strengthening contribution.
2.4.4 Precipitation Strengthening
Effective precipitation strengthening depends on producing a fine 
distribution of second phase particles within the matrix. Precipitation 
occurs during ageing. A probable decomposition sequence is
S. S. S -> clusters + transition structure -> final structure
Two types of interactions between precipitates and moving dislocations 
are observed in precipitation strengthened alloys. Coherent or semi- 
coherent precipitates are normally sheared whereas incoherent particles are
looped or by-passed by the dislocations. The interactions of dislocations 
with precipitates have been extensively reviewed (Kelly and Nicholson,
1963, Brown and Ham, 1971, Ardell, 1985). Noble et al. (1982) analysed the 
strengthening mechanisms in binary Al-Li alloys for the coherent 5' 
precipitates. Four mechanisms have been considered.
(a) Coherency Strengthening. This is due to the movement of dislocations 
through the stress field around the precipitate and is described (Gerold 
and Pham, 1979) by
Atc = (3G/b’/2).e3/2.r1/2.f, / 2 (2.44)
In eq. (2.44) G is the shear modulus of the matrix, b is the Burgers vector
(2. 86xlO-1°m for Al) f is the volume fraction of the precipitate and r is
the radius of the precipitate. The misfit strain e is given by
e = (3I(a| 81 > / (3Ka+[ 2E/  <1 +v ) 3 ) ( 2 . 4 4 a )
where K* is the bulk modulus of the precipitate, E and v are the Young1s 
modulus and Poisons ratio of the matrix respectively and 5 is the misfit 
parameter
5 = |aF-a,v,|/aM ( 2 , 4 4 b )
relating the lattice parameters of the matrix (aM) and precipitate (aP>. 
Values of e for the Al-Li alloys are given in Table 2. 12,
(b) Surface Hardening. This is attributed to the creation of a new surface 
area when the particles are sheared by the dislocation. Brown and Ham 
(1971) showed that
Axs = (/6/rc). Ys* (f/r) (2.45)
where Ys Is the precipitate/matrix interfacial energy. Values of y ;3 are 
given in Tables 2. 13 and 2. 14.
(c) Modulus Hardening due to differences in the elastic moduli of the 
particle and matrix was estimated by Kelly and Nicholson (1963)
Atq = AG/4IC*. (3AG/Gb) W:2. [ 0 . 8- 0. 1431n(r/b)]3/:2. r'/*. f’'a (2. 46)
In eq. (2.46) AG is the difference in modulus between precipitate and 
matrix (6. 7GPa for Al-Li alloys (Noble et al, 1982)).
(d) Order strengthening (due to the destruction of the order of the 
particle when a dislocation passes through it). Brown and Ham (1971) have 
shown that when dislocations move in pairs, the increment in strengthening 
Ax0 caused by the creation of an anti-phase boundary between the 
dislocation pairs is given by
Ax0 = (YABp/2b)I / n y ) 1 ] for (itxf/4yarb> < r (2.47a)
Ax0 - (Yp,pB/2b)[ (4f/ti) 1/a-f3 for r > x/Yapb (2.47b)
where x the line tension of the dislocation given by
X = 0.5Gb3 <2.47c>
and Yapb is the energy of the anti-phase boundary, Reported values of yapb 
for Al-Li alloys are given in Table 2.15,
The above equations can be also presented in the general form <Gu et al, 
1986),
At = Ksfn\ rp’ (2. 48)
where Ks is an alloy constant that depends on the particular strengthening 
mechanism, f is the volume fraction of precipitate and r is the average 
particle radius. The exponents m and p are always positive. Thus the 
strength increases with both volume fraction and particle size up to 
the peak value, Since the coherency strains, and the interfacial energy 
between the precipitate and the matrix are small, the contributions from
(a) and (b) are likely to be small (Noble and Thompson, 1971), Therefore 
the increases in shear strength in Al-Li alloys with ageing are most likely 
attributed to mechanisms (c) and (d). The contributions of the above 
strengthening mechanisms to the strength of Al-Li binary alloys, as 
calculated by Noble et al. (1982) are given in Table 2, 16.
In addition to the strengthening mechanisms outlined above, dispersion 
strengthening occurs when the precipitates are not cut by the moving 
dislocations. Incoherent and coherent particles can be looped or bypassed 
if the stress required to force the dislocation through the precipitate is 
larger than the stress required to operate the bypass mechanism.
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The stress increment (above the matrix value) required to bypass or 
loop a particle
Ax, = Gb/L <2. 49)
depends on the particle spacing, L (Orowan, 1948),
L = 4(l-f)r/3f (2.50)
where f is the volume fraction of precipitate and r is the particle size.
Orowan loops have been observed by Miura et al (1989) in Al-Li single 
crystals. The Orowan loops surrounded the precipitates in a constricted 
manner. The volume fraction of precipitates present was f=0.017 with a mean 
interparticle spacing of L=106nm which gives an average stress of 72MPa. 
Miura et al. (1989) also studied the thermal stability of the Orowan loops. 
At high temperatures fewer loops were observed and this was attributed to 
pipe diffusion being greater than the rate of dislocation arrival to the 
precipitates.
The initial formulation of the Orowan mechanism has been further 
modified to account for the particle spacing statistics in the glide plane, 
the different line tensions of edge and screw type dislocations and, the 
effect of the interaction of dislocation dipoles on either side of the 
particle. In its revised form, the strengthening due to the Orowan model is 
described by the Orowan-Ashby equation (Gerold, 1979)
At<_ = 0.84 C Gb/ (2tc (1-v) 1 y '*\) ] In (2r/rQ> (2. 51)
where r is the average particle radius, rD is the inner cut-off radius of 
the dislocation and, X is the spacing between the particles in the glide 
plane. X is related to f, the volume fraction of the strengthening phase, 
by the equation
X = (2re/3f)1/3r (2.52)
when the size of the particles becomes comparable with X, it should be 
replaced by (X~2r;5) in the expression for At^ . (Gerold, 1979) where
r:3 = nr/4 <2. 53)
The choice of rQ can influence the strengthening predicted by this 
mechanism. Values of rQ up to 4b have been proposed (Gerold, 1979),
By equating eq. (2.45) with eq. (2.49) or (2.51), the critical particle 
diameter can be determined when the strengthening mechanism changes from 
particle shearing to Orowan looping (Figure 2.8 Starke and Wert, 1976). For 
a volume fraction of f=0. 01, r equates to 20A and for higher volume 
fractions ie f=0,05 r is of the order of 15nm.
The Orowan-Ashby model has been applied successfully to Cu-Cr and Ce-Co 
alloys with good agreement with the measured strength at the peak and 
overaged conditions (Long et al, 1980). These researchers suggest that, at 
least in these alloy systems, the onset of applicability of the Orowan- 
Ashby equation depends mainly on the size of the hardening particles and 
not on their coherency with the matrix. For particle sizes larger than 
those corresponding to the peak strength the Orowan-Ashby mechanism 
requires less stress to be activated than the stress necessary for 
dislocations to cut coherent precipitates, Ashby (1968) has pointed out
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that it is mainly the resistance of the particles to plastic deformation 
(when the dislocation core encounters the particle) that prevents the 
dislocation from entering an undeformable particle. However it seems 
reasonable that if the strain field around a coherent precipitate fulfils 
the same role (repulsive forces acting upon the dislocation), the 
precipitate can then be by-passed by the dislocation using the Orowan-Ashby 
mechanism, provided that the latter requires less stress than that 
necessary for precipitate cutting. As Ashby (1968) also pointed out the 
addition of the logarithmic factor to the original Orowan equation (eq.
2.45) implies that the dislocation does not have to bow to a semi-circle to 
by-pass the particle (and that with the revised equation the particle can 
be by-passed with a lower stress than that needed for the semi-circle 
configuration). This further contributes to smooth the transition from the 
cutting to the by-passing mechanism.
Frazier and Koczak (1988) assessed the contributions in strength for 
grain boundary and Orowan type strengthening in PM Al-Ti alloys. 
Applications of an Orowan type equation was considered inappropriate due to 
the lnhomogeneous distribution of the fine dlspersoids. They also report 
that the fine grain size of the alloy was controlled by the distribution of 
the dlspersoids. The PM Al-Ti alloy strength was explained in terms of the 
Hall-Petch relationship.
The strengthening contributions in an Al-Li-Zr alloy have also been 
calculated by Fragomenl et al (1989). They based their analysis on the 
competition between order strengthening (shearing) and Orowan strengthening 
(looping). Table 2.17 gives the calculated strengthening contributions for 
order (yAri3=0 |8> and Orowan (G=30. 2MPa) strengthening with the assumed
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solid solution strengthening contribution of 15MPa based on the work of 
Tamura et al (1973).
The results of Fragomeni et al (1989) suggest a change from order hardening 
to Orowan strengthening at a particle size of 7. 62nm. However their 
analysis ignored the contribution from modulus strengthening which has been 
shown to be important for Al-Li alloys (Noble et al, 1982).
2.4.5 Addition Rules
Methods by which the contributions to strength of mixtures of obstacles of 
distinct strength can be added have been considered and reviewed by Ardell 
(1985). For two types of obstacles of different strength, the combined 
strengths can be described by
(a) Linear superposition
tc = ici + (2. 54)
where Cl and C2 are the concentrations of the two obstacles
(b) Law of mixtures
tc = tG,.W, , / 2 + xca. W^1 ' 2 (2.55)
where W, and W2 are defined by the relationships CW^y^/y* and W2=yfi2/yw3
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(c) General rule (Neite et al, 1983)
x c w = xclw + xC2w (2.56)
where w is an adjustable parameter. Koppenaal and Kuhlmann-Wilsdorf (1964) 
proposed the Pythagorean type addition rule, ie w=2, Labuch (1970) on the 
other hand suggested w=3/2. The justification for using any of these eqns. 
depends on the fit with data produced by computer simulation. Foreman and 
Makin (1967) and Hanson and Morris (1975) used various combinations of xcl 
and xc;2 over a range of W, and W2 values. They concluded that for pairs of 
weak obstacles, the Pythagorean type analysis gave the best fit. However 
when a few strong obstacles are paired with many weak ones, the linear 
superposition (eq. (2.54)) addition rule fits best.
Throughout this analysis the flow stress of the matrix material was 
assumed to be zero. Quite clearly in real systems this is not true, Ebeling 
and Ashby (1966) have shown that the linear addition rule applies for the 
superposition of solid solution strengthening and precipitation 
strengthening in internally oxidised Cu-Si alloys with Au in solid 
solution.
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2. 5 The Aluminium-Zirconium System
2 .5 .1 .  Introduction
Although this thesis is concerned with the study of the RS Al-Hf and 
Al-Li-Hf alloys, the available literature on these alloys is limited. In 
the periodic table Hf belongs to the same group as Zr (group 4a transition 
metal) and is thought to behave in a similar manner. Thus mlcrostructural 
studies on the binary Al-Zr system are briefly reviewed here. The ternary 
Al-Li-Zr system will also be discussed in section 2.7.8. In part II of this 
thesis the experimental results for RS Al-Hf and Al-Li-Hf alloys will be 
compared with those for Al-Zr and Al-Li-Zr alloys.
2 .5 .2 .  The Al-Zr Phase Diagram
The aluminium rich end of the Al-Zr phase diagram is characterised by a 
peritectic reaction at 935*K (figure 2.9). The maximum equilibrium solid 
solubility of Zr in Al is 0. 28wt%Zr (0,08at%Zr)(Mondolfo, 1976).
Slow cooling results in the precipitation of the Al3Zr equilibrium 
phase which has a D023 tetragonal structure with lattice parameters 
a=4, 013A and c=17, 32A (Pearson, 1962) .The Al-Zr system has been the subject 
of a number of studies. Rapid solidification techniques of chill casting 
(Hori et al, 1982 / Ohashi and Ichikawa, 1972), splat quenching (Pandey et 
al, 1986 / Chaudhury and Suryanarayana, 1984 / Sahin and Jones, 1978) and 
gas atomisation (Adkins, 1989) have been employed to study the 
solidification microstructures and decomposition of solid solutions. Using 
rapid solidification, the maximum solid solubility of Zr in Al has been
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extended to 9. 4wt%Zr at lO^K/s by the ’twin piston’ splat quenching 
technique (Sahin and Jones, 1978).
2.5.3. As Cast Structures
During chill casting of Al-Zr alloys (cooling rates ^lO^K/s), 
precipitation of an angular precipitate has been reported (Hori et al, 1982 
/ Ohashi and Ichikawa, 1972 / Nes and Billdal, 1977). This has been 
identified as the metastable Ll2 Al3Zr intermetall1c and presents a 'sponge 
like' or 'petal like* cuboidal structure. The metastable phase grows in 
the melt with dendrites of uniform thickness and tip radii growing in the 
<110> direction. . It has also been reported that the dendrite arm spacings 
decrease from the outer region to an unresolvable centre (Nes and 
Billdal,1977). Dendrite free zones have also been reported within the 
'petal like' structures but no mechanism has been suggested for their 
growth (Kerr et al, 1974). The lattice parameter of the LI2 Al3Zr phase is 
a=4.0371±0. 0008A (Ohashi and Ichikawa, 1972).
Hori et al (1982) related the cooling rate and alloy composition to the 
microstructure (Figure 2.10). During casting in a firebrick mould (^10K/s) 
alloys containing more than lwt%Zr exhibited the formation of another 
phase. This had a "needle-like" morphology and was identified as the 
equilibrium D023 Al3Zr phase.
The grain size of the as cast microstructures has been assessed by Hori 
et al (1982), Sahin and Jones (1978) and Pandey et al (1986). Hori et al 
(1982) postulated that the angular intermetallic acts as a grain refiner 
reducing the grain size from 300pm to <20pm. Sahin and Jones (1978) on the 
other hand noted that in splat quenched Al-Zr alloys, where the Zr was 
retained in solution, increasing the Zr content resulted in a gradual
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reduction in grain size. Typical grain sizes of alloys prepared via the 
splat quenching method were less than 3pm (Sahin and Jones, 1978 / Pandey 
et al, 1986) (Table 2, 18).
The variation in lattice parameter with solute content was constant up 
to 1.5at% increasing at a rate of 0.0077A/at%Zr (Sahin and Jones, 1978) 
Adkins (1989) reported that the transition from a cellular 
microstructure to one containing intermetallics occurred at finer powders 
in the PM Al-1. 96wt%Zr alloy when compared with the PM Al-1.0wt%Zr.
2.5.4. Decomposition of Al-Zr alloys
Sahin and Jones (1978) suggested that the Al-Zr solid solutions 
decompose in three distinct stages. These were identified as,
(I) Homogeneous modular separation
(II) Discontinuous precipitation of the metastable Ll2 Al3Zr phase and
(III) Formation of coarse plates of the equilibrium D0S3 Al3Zr tetragonal 
phase.
The structure breakdown of stage (I) resembled the spinodal-like 
decomposition observed in Al-Cu alloys. Table 2. 18 gives the hardness 
results for Al-Zr alloys. On ageing the alloys for 1 hour it was noted that 
as the solute content increased, the ageing temperature required to give 
peak hardness decreased.
A mechanism for discontinuous precipitation has been proposed by Nes 
and Billdal (1977). This mechanism envisages grain boundary migration into 
a supersaturated solid solution with the loss of supersaturation occurring 
discontinuously as the grain boundary advances and with the kinetics of the
precipitation reaction controlled by grain boundary diffusion. The driving 
force for the precipitation reaction was suggested as being one of three 
types depending on the shape of the reaction front.
<1) Coherency stresses due to a steep diffusion gradient ahead of the grain 
boundary which prevents an equilibrium concentration profile to be 
established (Suloren, 1964).
(2) A chemical force acting on the metastable phase causing only 
precipitate growth and pulling the connecting a/a' grain boundary segments 
(See figure 2. 11) along in order to balance the interfacial energies at the 
three-phase junctions between the a/a' and metastable phase (Tu and 
Turnbull, 1967).
(3) Migration of the precipitation reaction front inducing a chemical force 
directly on the a/a' grain boundary due to interference with the diffusion 
gradient ahead of the advancing boundary (Hillert, 1972).
In Al-Zr alloys with a small particle spacing the Hillert type force 
dominates. As the particle spacing increases, the dominating force is 
thought to change to that suggested by Tu and Turnbull (Nes and Billdal, 
1977).
The mechanism of discontinuous precipitation which involves grain 
boundary migration requires an understanding of the interfacial free 
energies involved. If * 6 ^h0 free energy of the semi-coherent boundary
separating the discontinuously formed p phase from a-Al, y RcK- th0 energy of 
the high angle grain boundary separating p from supersaturated a'and y mai-
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the energy of the grain boundary (Figure 2.11), then by equating and
(boundaries of the same raisorientation) the following relationship
Y » «  « Y '^Ot • =  Y«<x*
should be applicable. Nes and Billdal (1977) suggest that the nucleus will 
strive towards a shape which develops a boundary contact angle of 90* i. e. 
a rod orientated normal to the grain boundary, Boundary diffusion will 
therefore cause this nucleus to grow preferentially in the contact region. 
However in order to maintain a shape consistent with the low energy 
requirements, the grain boundary will be pulled out. This bulging of the 
boundary may have a catalytic effect on the nucleation and growth in 
neighbouring regions where any new nuclei can feel the force of the grain 
boundary. Continued growth may therefore result in a situation where the 
contact will not be able to maintain a semi-coherent boundary. Nes and 
Billdal also suggested that a new low energy configuration can be achieved 
by the branching out of the particle into a 1 Y‘ shape (Figure 2.11). 
Therefore as the front migrates, successive multiplications can occur 
giving rise to the characteristic fan shaped morphology. The ageing 
response in Al-Zr alloys was attributed to this discontinuous precipitation 
reaction (Sahin and Jones, 1978)
Hori et al (1981) reported a coarsening of the metastable Al3Zr phase 
after annealing at 500*C. After ageing at the higher temperature of 600“C 
(Pandey et al, 1986, Chaudhury and Suryanarayana, 1984) the transformation 
from metastable Al3Zr to the equilibrium D023 Al3Zr phase was observed 
(Sahin and Jones, 1978). The latter appeared in the form of large, evenly 
distributed plates.
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2. 6 The Aluminium-Hafnium System
2.6.1 Introduction
The literature on rapidly solidified Al-Hf alloys is limited and mainly 
concerned with phase identification, decomposition of solid solutions and 
microstructural stability.
2. 6. 2 The Al-Hf Phase Diagram
The aluminium-rich end of the Al-Hf phase diagram is characterised by a 
perltectic reaction (Figure 2.12). Hf is thought to behave in a similar 
manner to zirconium and titanium in Al alloys (Rath et al, 1960),
The peritectic temperature is 662.2+0.5*0 with a liquid solubility of 
0. 49wt%Hf. The solid solubility at 430*0 is 0. 86wt%Hf and at the peritectic 
temperature, the solid solubility rises to 1.22wt%Hf. Once the solid 
solubility region has been exceeded, the stable precipitate, Al3Hf forms.
Al3Hf exists in two crystallographlc forms (Pearson, 1962): D023, a 
high temperature form, isomorphous with the Al3Ti which is tetragonal with 
a=3. 899A and c=17. 155A; and D022, believed to be a low temperature form, 
isomorphous with Al3Zr which Is also tetragonal with a=3. 893A and c=8. 925A.
Additions of Hf increase the lattice parameter of Al to a maximum of
4. 05lA at 1, 2wt%Hf (Mondolfo, 1976).
Techniques which have been used to study the RS of Al-Hf alloys include 
chill casting into a water cooled copper mould (103*K/s) and splat 
quenching (107K/s) (Hori et al, 1981 / Hori and Furushiro, 1982 / Furushiro 
and Hori, 1985), The maximum solubility of hafnium in aluminium has been
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increased to 3wt%Hf and 6wt7#Hf by the two techniques respectively (Hori et 
al, 1981).
2. 6. 3 As cast structures
Ryum (1975) studied the structures of an Al-1.78wt%Hf alloy cast into 
an. air cooled copper mould and reported the presence of small spherical 
precipitates of the Al3Fe phase within the a-Al matrix. No Al-Hf 
intermetallics were observed within the microstructure suggesting that the 
Hf was retained in solid solution.
For Al-Hf alloys containing more than 3wt%Hf which were cast in a water 
cooled copper mould, Hori et al (1981) noted the appearance of an angular 
precipitate. The grain size was reduced from 500|im, for the alloys without 
the angular precipitate, to *18jim when the angular intermetallic was 
present. The angular intermetallic was considered responsible for the grain 
refinement (see figure 2.13) (Hori et al, 1981).
The angular intermetallic was identified as the metastable Ll2 Al3Hf 
phase which formed as the Ll2 Al3Zr phase in Al-Zr alloys (Hori et al,
1981). The structure of the metastable phase was a cube surrounded by <100) 
planes and had eight processes along the <111> direction. Figure 2.14a is a 
schematic diagram of the metastable Ll2 Al3Hf intermetallic phase as 
suggested by Hori et al. (1981). By sectioning the intermetallic along 
certain crystallographic directions, different shapes of the intermetallic 
can be observed (see figure 2.14b). The angular intermetallic in the splat 
quenched alloy was smaller than that observed in the chill cast condition 
(Hori and Furushiro, 1982).
The change in a-Al lattice parameter with Hf content is given in figure 
2.15.  The lattice parameter increases linearly from 4. 05A (pure Al) to
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4. 052A (10wt%Hf). This data is from splat quenched Al-Hf alloys although it 
is not clear weather the solid solubility of Hf in Al was extended to 
10wt%Hf. Changes in hardness with Hf concentration are given in figure
2. 16.
2.6.4 Decomposition of Al-Hf alloys
Ageing of supersaturated Al-Hf solid solutions has been studied by Ryum 
(1975) and Hori et al. (1981). Two modes of decomposition were identified 
by Ryum.
(1) Formation of dendritic filaments adjacent to grain boundaries
(2) Precipitation of spherical particles which were present in clusters. 
Both types of precipitates (filamentary and spherical) were identified
as the Ll2 Al3Hf phase. Precipitation of the dendritic type was envisaged 
to occur via the discontinuous grain boundary reaction (as discussed in 
section 2.5.4). The latter is favoured in Al-Hf alloys because of the low 
diffusivity of Hf in Al and the ease of repeated nucleation of the 
precipitating phase at the grain boundaries (Ryum, 1975).
Even though considerable interfacial area Is generated as the filament 
grows nucleation and growth of Ll2 Al3Hf phase is facilitated by the low 
interfacial energy between a-Al and Ll2 Al3Hf, Indeed in Al-Hf alloys, 
there is a close lattice parameter relationship between Al (a=4. 05A) and 
Ll2 Al3Hf (estimated to be a=4. 03A [Ryum, 19753 ).
Coherency strains were not observed around the Ll2 Al3Hf precipitates 
(Hori et al, 1981). This should further facilitate the filament growth due 
to the low strain energy of the matrix/precipitate Interface
In addition to the discontinuous precipitates, continuous spherical Ll2 
Al3Hf precipitates have also been observed within the a-Al cells (Hori et
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al, 1981). In Al-Hf alloys the nucleatlon step for these precipitates is 
small since they are coherent and have a low interfacial energy. However 
the low diffusivity of the solute means that precipitation takes a long 
time to occur. Thus it was only after ageing at 450 *C for 70 days that Ryum 
observed a precipitate size of 10-30nm with the precipitates at the 
periphery of the clusters coarsening more rapidly than those in the centre.
Figure 2.17 shows the hardness vs Hf concentration for chill cast Al-Hf 
alloys aged at 350, 400 and 450*C. Hori et al (1981) attributed the 
increase in hardness to the precipitation of the fine spherical Ll2 Al3Hf 
particles. The effect of annealing temperature on the hardness of Al-Hf 
chill cast alloys with 80% deformation is shown in figure 2. 18. The rise in 
recrystallisation temperature was attributed to dislocation locking of the 
fine spherical precipitates prior to recrystallisation.
The transformation from Ll2 Al3Hf to the equilibrium D022 AlsHf phase 
has been reported by Ryum (1975), Hori et al (1981) and Furushiro and Hori 
(1985) and is thought to occur via a shear of b=&<110> on every other (100) 
plane in the Ll2 structure. A slight movement of Hf and Al atoms out of the 
(100) plane is also required in this mechanism. The result of this shearing 
is the formation of an anti-phase boundary in the Ll2 structure (Ryum,
1975) (see figure 2. 19). However with faults in the stacking of the anti­
phase boundary imperfect D022 Al3Hf is obtained in the form of slabs 
inserted in the Ll2 structure (Furushiro and Hori, 1985), This type of 
precipitate which was observed In an Al-3wt%Hf-0. 3wt%Si alloy aged at 450°C 
for 200 hrs has been called the ’H’ phase (see figure 2.20) and belongs to 
the space group PMlv,M, (Furushiro and Hori, 1985).
Angers et al (1988) have also reported the formation of the 'H* phase 
as an intermediate phase in the transformation of Ll2 Al3Ti to D022 A13T1 
in Al-10. 5wt%Ti alloys aged for 16hrs at 480*C. They also found that in
Al-Zr alloys the Ll2 Al3Zr precipitates were resistant to transformation to 
the 'H' phase even after ageing for lOOhrs at 480°C.
2. 7 The Aluminium-Lithium System
2.7.1 Background to Al-Li Alloys
Since the advent of commercial aircraft, efforts have been made to 
minimise expenditure. Vast amounts of resources have been spent on aircraft 
design in order to obtain maximum efficiency from the aircraft's engines. 
Although aircraft design and engine performance are near to maximum 
efficiency, much room remains in the reduction of aircraft weight but not, 
however at the expense of strength and ductility.
Of all the possible alloying elements, Li and Be, two of the lightest 
metals, have the effect of reducing the density when alloyed with Al. In 
addition to this, Li also has the effect of increasing the modulus. In 
1921, the first structural Li containing Al-alloy was produced by ALMond 
Metallgenschaft although at the time, this alloy was not used by the 
aircraft Industry. The first Li containing alloy to achieve commercial 
status was the Alcoa 2020 alloy, an Al-4. 5wt%Cu alloy containing 1, lwt%Li,
0. 5wt%Mn and 0. 2wt%Cd. Originally, lithium was added to extend the 
temperature range of the material in aerospace applications. However, the 
response of•the alloy to additions of lithium was so positive, a whole new 
generation of alloys was generated. Since then other alloys have been 
produced including the 'Lital* series which is based on Al-Li-Cu Mg alloys. 
Such alloys could replace the conventional high strength Al-alloys <2000, 
7000 series). Substantial deposits of spudumene (the principal ore from 
which Li is extracted) have been identified in Canada, Chile and Africa 
suggesting that the availability of Li will not be a problem. The western 
world Lithium reserves and resources were reviewed in 1986 by Evans (1986).
Although the commercial Lital alloys are complex alloys, much work has
been done on the binary Al-Li system, especially the aluminium rich region. 
The development of Al-Li based alloys has seen a very intense activity in 
the last two decades with 6 international conferences and numerous other 
publications in the scientific literature. Detailed treatments of the 
physical metallurgy of Al-Li based alloys can be found in such publications 
and are outside the scope of the present literature survey. In this section 
the effect of major alloying elements on the microstructure and properties 
of Al-Li based alloys will be briefly discussed with particular emphasis to 
the group 4a transition metals (Zr, Hf, Ti).
2. 7. 2 The Al-Li Phase Diagram
The Al-Li phase diagram has been studied by Mondolfo (1976) and 
McAlastair (1982) and more recently by Sigli and Sanchez (1986), Williams 
(1989) and Saunders (1989). The Al-rich end of the diagram is characterised 
by a eutectic reaction at 602*0 (Figure 2.21), The solid solubility at the 
eutectic temperature is 7. 5wt%Li (24. lat%Li) and reduces to 0. 4wt%Li 
(1.54at%Li) at 127*0. Once solid solubility has been exceeded, the 
equilibrium phase S (AlLi) forms. This has a bcc structure with a=6. 356A.
In alloys containing more than 0. 4wt%Li, the equilibrium phase forms at the 
grain boundaries as plates,
2.7.3 Formation of the S' (Al3Li) Phase
Binary Al-Li alloys with more than 5at%Li (1.33wt%Li>, when quenched 
and subsequently aged at 150-190*0, decompose to produce the metastable 
phase Al3Li (S')(Noble and Thompson, 1971 / Williams and Eddington, 1975). 
The 6' precipitate is coherent, ordered and spherical possessing the Cu3Au
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(Ll2) type structure. The Ll;2 type unit cell is shown in figure 2.22 where 
the Li atoms preferentially occupy one of the four available sub lattices. 
The typical precipitate size in the peak aged condition is 10-100nm.
The metastable a + 5' solvus has been the subject of a number of 
investigations (Spooner et al.,1986 / Gayle and Vandersande, 1986 /
Williams, 1989). There has also been some disagreement involving the phase 
relationship of 5' and a-Al, Initially it was thought that a simple 
miscibility gap connected the experimentally determined a + 5' solvus 
(Williams, 1981). Gayle and Vandersande (1986) pointed out that the a + S ' 
(Ll2) type reaction is first order and therefore a two phase field is 
thermodynamically required. They suggested a phase diagram including this 
reaction. This is shown in figure 2.23a. Sigli and Sanchez (1986) 
calculated a miscibility gap which is metastable with respect to a H  and 
a + 8' phase field (figure 2.23b). The consequence of this is that by 
quenching the alloy to prevent the formation of S ' ,  the alloy may decompose 
in the a, + a2 phase field to form precursors of S ' .  Several techniques 
have been employed to study the possible formation of S' precursors. These 
include thermal analysis (Nozato and Nakai, 1977), resistivity (Caresara, 
1977) and Small Angle X-ray Scattering (SAXS) (Livet and Bloch, 1985). To 
date no S'  precursor has been observed directly in the transmission 
electron microscope (Williams, 1989).
The generally accepted decomposition of the supersaturated solid 
solution (SSS) is thought to be of the form (Noble and Thompson, 1971),
SSS S' -> S
Data from the coarsening kinetics of 6' have been used to calculate the a -  
A1 S' interfacial energy from the rate constant B In
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R3 - Rco3 = Bt (2. 57)
B = 8vDCKVrn/9RT <2. 58)
where y is the precipitate/matrix interfacial energy (see Tables 2. 13,
2. 14), Cgr Is the equilibrium solute content, Vr„ is the molar volume of 
precipitate and D is the diffusion coefficient of Li in a-Al (see Table
2. 19).
8' particle size and shape distributions have been studied by Gu et al 
(1985) as a function of composition and isothermal ageing.time. Increasing 
lithium content and temperature had the effect of increasing the rate of 
coarsening. The width and shape of the size distributions could be 
described as (Gu et al, 1985)
p(x) = ijxJ_1. exp(-ixJ) (2.59)
where i = 0. 94 - 0.03CL13
j = 5. 80 - 0. 52C Li]
As the Li content increased there was a departure from spherical 8' 
precipitates and the aspect ratios of the 5" particles were used to 
determine the effective particle diameter, d(&r^ .
The criterion d^^rfO. 8 was used to define spherical particles and dQfr<0.8 
to indicate a deviation from sphericity. Ageing of the Al-4. 5wt%Li alloy at
225*C for 100 hours resulted in less than 30% of the 8' particles remaining
where Rco is the critical size for growth and B is the rate constant
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Thomas et al (1985) used a technique based on the measurement of 
ultrasonic pulses through melt spun ribbons cvfvl calculated the change in 
specific Young's modulus for binary Al-Li alloys. They give the Young's 
modulus <E> as
E pV2 (2. 60)
where p is the ribbon density and V is the propagation velocity of the 
ultrasonic pulses. After ageing an Al-3. lwt%Li alloy at 167*C for 70 hours, 
a 10% drop in E was measured.
In addition to the coarsening of 6' in the matrix during ageing, there 
is a grain boundary reaction which involves the growth of the equilibrium 5 
(AlLi) phase at the grain boundaries. (Noble and Thompson, 1971 / Jha et 
al, 1987). The solute required to supply this growth (and coarsening 
reaction) is provided by the dissolution of 5' in the vicinity of the grain 
boundary, The result of this is a precipitate free zone (PFZ) which can 
grow until all of the 5' is consumed. The PFZ growth rate follows the 
kinetic law
h = Kpt°- e (2.61)
where Kp is a function of the solute content (Jha et al, 1987). 
Increasing the lithium content increased the PFZ rate of growth.
spherical <Gu et al, 1985).
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The anisotropy of the elastic properties of pure single crystals is
Q = 2C44 / CO,t - C12) (2. 62)
In eq. (2.62) C±4 are elements of the elastic stiffness matrix (for Al, 
Q^l.23). Additions of Li in Al-Li alloys decrease the anisotropy of elastic 
properties to QK1. 15 (Miller et al, 1986),
The relevant strengthening mechanisms associated with binary Al-Li 
alloys have been discussed in §2.4. Typical values of tensile strength and 
ductility for binary Al-Li alloys aged at 170*C for 24 hours are given in 
Table 2. 20 and Figure 2. 24.
Irrespective of the operating strengthening mechanlsm(s), once 
deformation has occurred on a particular slip plane in binary Al-Ll alloys, 
deformation on that plane is favoured. Thus localisation of slip occurs in 
binary Al-Li alloys. Indeed, in under-aged and peak-aged Al-Li alloys, the 
shearable nature of the 5' precipitates tends to localise the strain in 
intense bands of deformation which act as stress concentrators at grain 
boundary triple points (Gu et al, 1985). The presence of S'-PFZ's and 8 
(A1L1) precipitates in the grain boundary region have the effect of 
increasing the possibility of intergranular brittle fracture.
In addition to being a site for the precipitation of the equilibrium 5 
phase, the grain boundary is claimed to allow the nucleatlon of a 
discontinuous a + S' reaction (Williams and Edington, 1976),
2. 5. 4 Strength and Ductility of Al-Li Alloys
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2. 7. 5 Corrosion and Oxidation of Binary Al-Li Alloys
The primary microstructural feature which dominates the corrosion 
response of Al-Li alloys is the presence of the anodic AlLi <8) phase. This
coupled with the appearance of the 8' PFZ makes binary Al-Li alloys
susceptible to intergranular corrosion along the grain boundaries. The 
susceptibility to corrosion attack can be controlled by,
(a) the extent of overageing,
(b) the number of heterogeneous nucleation sites for the precipitation of
the 8 phase,
(c) the amount of lithium which is available to form the 8 phase,
Corrosion problems have been reduced with the addition of other
elements (see below).
Lithium additions affect the oxidation rate of Al alloys in the solid 
and liquid states. At elevated temperatures in the solid state, Li diffuses 
rapidly through the Al matrix and through oxidised surfaces to become 
oxidised preferentially at the oxide/air interface, where it forms non- 
protective oxidation products. The consequent Li depletion causes changes 
In the near surface microstructure and hardness to depths up to 800pm 
depending on thickness and exposure time. Depleted surfaces can lead to 
substantial reductions in the strength of thin sections. Oxidation studies 
on Al-Li binary alloys have been reported by Fridlyander (1978), Field et 
al (1981), Field et al (1984), Burke and Papazian (1986) and Dickinson et 
al (1988).
2.7.6 Dispersoid Forming Additions
For the conventional casting route, the two dispersoid forming elements 
most commonly used are Mn and Zr. Zirconium is used to produce grain 
refinement and to inhibit recrystallisation (see §2.8.4 below). Manganese 
additions retard recrystallisation and suppress grain growth and reduce 
inhomogeneous distribution of slip caused by the presence of the shearable 
6' precipitates.
Manganese can form various intermetallic compounds depending upon the 
concentration of copper, iron and silicon within the alloy (Mondolfo,
1976). The phases produced are incoherent with the matrix allowing the 
nucleation of 5' to occur. Another major problem with additions of 
manganese to Al-Li alloys is that it results in an increase in the number 
of heterogeneous nucleation sites for 5 thus at the same time increasing 
the possibility of corrosion (Gu et al, 1986). Gu et al. (1985) 
investigated particle size distributions in aged Al-2. 8wt%Li-0.3wt%Mn. Even 
after 72 hrs the 8' precipitates remained coherent and spherical. Unlike 
Zr, there was no evidence of any interaction of the equilibrium phase AleMn 
with 8' (Gu et al, 1986).
Rapid Solidification has been exploited to Incorporate other 
dispersoids into Al-Li matrices. Studies of Al-Li-X alloys using the 
transition metals of X=Ti, V, Fe, Ni, Nb, Mo and W have been performed by Pratt 
et al (1987) (see Table 2.21). Based on the results of the ageing response 
of each alloy system the Al-Li-Mo system was selected as a promising system 
for further investigation..
The structure and properties of RS Al-Li-X alloys (where X=Cu, Mg and 
Zr) have been assessed by Kim et al. (1986 & 1987) and Meschter et al.
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(1988). Kim et al (1986) used melt spinning to produce Al-Li based alloys 
containing Cu, Mg and Zr. After hot extrusion and thermomechanical 
treatments, weak beam TEM images revealed the presence of dislocation loops 
surrounding composite (Al3 (Li,X) precipitates. The increase in alloy 
strength was attributed to the presence of these composite precipitates.
2.7.7 Precipitation Forming Additions
Additions of Mg to Al-Li alloys encourage the decomposition sequence, 
SSS -) 5' -» Al2MgLi. Al2MgLl has a cubic structure with a-2. Onm (Thompson 
and Noble, 1973). For low Mg concentrations (<2%wt), only 5' is thought to 
form and for higher concentrations Mg reduces the solubility of Li in Al 
thus effectively increasing the volume fraction of 6' for a given lithium 
content. However, Al2MgLi also forms at the grain boundaries thus reducing 
the ductility of the material. The commercial development of Al-Li-Mg 
alloys has been limited to the weldable 01420 (Al-1. 5-2. 6wt%Li-4. 0-
7. 0wt%Mg) alloy which was developed in USSR. Most commercial Al-Li based 
alloys also incorporate additions of Cu.
Copper additions produce a variety of equilibrium phases. Apart from 
the two binary phases, S(AlLi) and 6(Al2Cu), three ternary equilibrium 
phases may form depending upon the Cu: Li ratio. For low ratios, the 
equilibrium phase T-, (Al2CuLi) forms. Medium Cu: Li ratios yield the T-, 
phase (AleCuLi3) whilst high Cu; Li ratios permit the presence of the TB 
phase (AllsCueLi2> (Noble, 1972). Such precipitation sequences can modify 
the S ' PFZ’ s and so reduce corrosion problems.
Ricks et al (1986) studied HPGA Al-Li-Cu-Mg-Zr alloy powders. The small 
«2pm) powder particles were featureless suggesting that microsegregation 
had been removed during processing. Larger (>2pm) particles exhibited cc-Al
cellular microstructures. LI and Mg were analysed using EEL's and solute 
profiles of the two elements were mapped. The calculated partition 
coefficients were 0.55 and 0.48 for Li and Mg respectively,
Throughout the last decade the development of Al-Li based alloys has 
led to a number of commercial alloys (see for example Peel et al, 1986).
Some of these are given Table 2.22. Equivalent alloys under a different 
designation CCP27X3 are given in Table 2.23.
2.7.8 The Al-Li-X Alloys (X=Zr, Hf and Ti)
Conventional casting of Al-Li-Zr alloys limits the amount of Zr in 
solution due to the formation of primary intermetallics. In terms of 
quantity, Zr is a minor alloying addition, However Its Influence in terms 
of the retardation of recrystallisation and improvement in strength is 
equivalent to those of a major alloying element. The solid solubility of Zr 
in Al-Ll has been extended via RS to at least 1,0wt%Zr (Gayle and 
Vandersande, 1989).
Compared with the other alloying elements in Al-Li alloys (Mg, Cu) 
zirconium has a lower diffusivity in Al and so the tendency is for it to 
remain in solution after casting (Makin and Ralph, 1984). Typical alloy 
compositions investigated have been of the type Al-2wt%Ll-(0. 1-0. 19)wt%Zr, 
produced by die casting and fabricated to sheet. However by using a variety 
of RS techniques alloys have been processed with compositions of Al-(2. 2- 
2.54)wt%Li-(0. 67-l)wt%Zr (Gayle and VanderSande, 1984, Mahmoud et al,
1987).
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(A) Microstructural Observations
Initial investigations suggested that a high temperature heat treatment 
(450-540*0, whilst retaining the Li in solution, allowed precipitation of 
the Ll2-Al3Zr metastable phase. Furthermore a non-uniform distribution of 
this phase was observed due to the inverse segregation effect caused in the 
casting. Subsequent precipitation during ageing at low temperatures (190*C) 
allowed the precipitation of 8' both within the matrix in the form of a 
spherical coherent phase and on the pre-existing a-Al/ Ll2-Al3Zr
precipitate interface (Makin et al, 1985).
Gayle and Vandersande (1984) suggested that the high temperature heat 
treatment yields a ternary Ll2 Al3(Zr,Li) phase ta'(Zr)] with varying Zr: Li 
ratios depending on the precipitation mechanism. Discontinuously 
precipitated filaments of a'(Zr) had a Zr:Li atom ratio of unity whereas 
continuous a'(Zr) precipitates had a ratio Zr:Li of 4:1. It was also
suggested that the formation of the a'(Zr) phase is due to the substantial
diffusivity of Li into the Ll2 Al3Zr phase. Quantitative EDX analysis was 
used for detecting Zr and EEL*s to detect the lithium additions. The latter 
analysis proved inconclusive due to the small precipitate size and the 
problems in the quantification of EEL* s data.
In this 1 ternary phase* the core of the composite precipitate as 
observed with one of the superlattice reflections imaged weakly. Gayle and 
Vandersande (1987, 1989) offered an explanation based on TEM image 
calculation techniques. They suggested that the presence of Li in the core 
a'(Zr) precipitates modified the interactions between the electron beam and 
the precipitates thus imaging the core dark.
Makin et al. (1985) contested the suggested diffusion of Li into the 
Ll2 Al3Zr phase. They claimed that the weak contrast of the core
precipitates could be expected when the size of the shell thickness equals 
the size of the core precipitate, as in this precipitation sequence. In 
addition to this, the Al3Zr in the solution treated condition imaged 
brightly suggesting that any Li diffusion would have to occur at the low 
temperature ageing treatment. With this and subsequent EEL's analysis, they 
refuted Gayle's claim of the occurrence of the ternary phase due to the 
diffusion of Li.
Saunders (1989) calculated the 'tie lines' for the Al-rich end of the 
Al-Li-Zr phase diagram. At high temperatures, the 'tie lines' are predicted 
to point towards the Zr rich region of the Al3(Li^Zr■,_:K) phase while at 
lower temperatures they point towards the Li rich end of the ternary phase. 
Due to the lower diffusivity of Zr in Al and the Zr rich core the area 
surrounding the precipitate is lean in Zr. Thus although a ternary phase is 
predicted to precipitate, it is only the 5' phase which nucleates and 
grows.
Valentine and Saunders (1989) used the formation of a ' (Zr) in Al-Li-Zr 
alloys to measure the 5' solvus. This was accomplished by using the 
heterogeneous nucleation of 5' on the a'(Zr)/a-Al interface. Table 2,24 
gives the measured 5' solvus temperature and the expected solvus for binary 
alloys of a similar Li content.
Although the question of lithium diffusion in Al3Zr has not been 
resolved, it has been noted that as in the case of the binary Al-Zr alloys, 
precipitation of the core phase occurs discontinuously at the grain 
boundaries and continuously within the cells (Gayle and Vandersande, 1987). 
The increase in strength and fracture resistance of Al-Li-Zr alloys has 
been attributed to the precipitation of the oc# (Zr) phase.
The available literature on RS Al-Li-Hf and Al-Li-Ti is limited. Levoy 
and Vandersande (1989) Investigated the microstructural evolution in the
Al-1. 9wt%Li-l. 6wt%Hf and Al-1. 5wt%Li-0. 7wt%Ti alloys. They concluded that a 
high temperature a ' (TM) CTM=Hf, Ti3 phase forms in both alloys. In the 
case of Al-Li-Hf alloys the ex'(Hf) phase formed as continuous spherical 
precipitates and as discontinuous filaments. The Hf:Li ratio was found to 
be a function of the decomposition mode such that 0. 5<Hf<0.7 for spherical 
precipitates and 0. 2<Hf<0. 5 for the discontinuous morphology. In the Al-
1. 5wt%Li-0. 7wt%Ti alloy, the compositional analysis was more difficult due 
to the gradual change in the structure factor with composition. The level 
of Ti in the precipitates, both spherical and filamentary, was determined 
to be 0<Ti<0, 4. These phases were thought to form in the same way as a'(Zr) 
in the Al-Li-Zr alloys. However, prolonged ageing treatments of the Al-Li- 
Ti alloy at 500*C resulted in a loss of coherency and the formation of 
spiral dislocations at the precipitate/matrix interface (Levoy and 
Vandersande, 1989),
The ageing response of AL-Li-Zr alloys is faster than of the other Al- 
Li-X alloys (X=Mn, Gu et al, 1985). This has been attributed to the nature 
of the precipitation sequence of the 5'. Since the 8' forms on existing 
ex'(Zr) particles, the size of these composite particles is greater than the 
8' formed in the matrix. Coarsening theory suggests that particles greater 
than a critical particle size are more stable than smaller particles. The 
consequence of this is that the a ' (Zr)/8' particles can grow at the expense 
of the 8' providing the smaller 8' particles are within (Dt)1'3 of a'(Zr) 
(Gu, 1985) where D is the diffusion coefficient of Li in Al and t is the 
time.
Throughout the ageing sequence the equilibrium type phases were not 
observed (Gayle and Vandersande, 1984 & 1986 / Makin et al, 1985).
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(B) Tensile Properties
Table 2.25 gives some experimental data for RS Al-Li-Zr alloys. There is 
some variation in strength and ductility depending upon the extrusion 
temperature, the ageing time and the alloy composition. In general an 
increase in solute content is accompanied by an increase in strength, at 
the expense of ductility. To date there is no data available for the 
tensile properties of Al-Li-Hf and Al-Li-Tl alloys.
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Table 2. 1: Principal heat extraction directions for various RS processes
Process Heat Extraction
Melt Spinning 1-D (Uni di rect ional)
Chill Casting 1-D (Heat flow in
Splat Quenching 1-D 2 directions)
HPGA'*' 3-D
+ High Pressure Gas Atomisation
Table 2.2: Thermal conductivities of selected materials (Data from the
Nuffield Advanced Data Handbook, 1986).
Heat Sink Thermal Conductivity 
(Wnr1 K~1)
Melting 
Point CC)
Copper 385 1083
Iron 80 1535
Aluminium 238 660
Silver 418 962
Gold 310 1064
Molybdenum 143 2610
Table 2.3: Nucleation Undercoolingss for Pure Metals
Element AT(K) Turnbull (1952) AT(K) Perepezko et al (1986)
Al 130 175
Sb 135 210
Bi 90 227
Ga 150 174
Pb 80 153
Hg 80 88
Sn 117 191
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Table 2.4: Calculated undercoolings for the nucleation of competing phases 
in Al-Cr and Al-Zr alloys as a function of droplet 
size, d (Pan et al, 1989)
Undercooling °K
1 Al-lat%Zr 1 Al-2at%Cr
d (pm)
_ _
I a-Al Al3Zr
I
I a-Al Al, 3Cr2 A1-, , Cr2
10
~ I ~
I 282 668
1
i 288 463 499
500 1 223 480 1 227 349 370
T„, - melting point Tcrli;<c, - nucleation temperature in droplet
of size d
Table 2.5: Calculated 0r,ia;K. and average nucleant density for Al-Cr 
alloys (Adkins and Tsakiropoulos, 1990)
Alloy (wt%> (m~3) ©
2, 5 2.3 x l0 1B 81, 7
2. 8 7 . 4 x l0 ls 76. 0
4. 1 8 . 3 x l0 1G 77, 8
4. 2 6 . l x l 0 1G 78, 1
5, 0 1 . 7 x l0 17 76. 4
Table 2.6: Calculated spheroidisation and freezing times for Al 
atomised with He gas (Tsakiropoulos, 1989),
Xn-iax d t* tf
(pm) (pm) (ps) (ps)
0. 5 7 298 140 95 2100
0. 8 1, 9 80 38 13 267
1. 2 0. 2 8. 5 4 0. 5 6. 6
1. 5 0. 23 10 5 0. 6 8. 3
t® “ spheroidisat ion time t -f - freezing time
Table 2.7: Calculated Al powder particle size for different gas 
velocities for Ar and He (eq. 2.27)
Gas velocity Powder size (pm)
ms"1 Ar He
V 30. 0 3. 30
Vm.x/2 66. 1 6. 60
Vr„„.,</4 112 13. 4
Table 2.8: Calculated Al powder particle sizes for different melt stream 
diameters and atomising gases.
Nozzle diameter 
(mm)
Powder size*
Ar
(pm)
He
d0=4 42. 8 4. 70
d0=3 37. 1 4. 14
d0=2 30. 0 3. 31
d0=l 21. 4 2. 42
* - from eq, (2.27) for V=VriflK^.
Table 2.9: Calculated Al powder particle sizes for different metal/gas 
mass flux ratios for Ar and He as the atomising gases.
Powder size (pm) 
Ar He
2 37. 1 4. 09
1 30. 1 3. 34
0. 5 26. 3 2. 89
0. 25 24. 0 2, 64
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Table 2. 10: Ranking order of alloying elements in aluminium according to 
the enrichment factor, free energy of oxide formation and 
diffusion in molten Al (Carney et al, 1990)
Enrichment Factor 
EP
Free Energy of 
oxide formation
Diffusion in 
molten aluminium
tHIGH] Lithium Magnesium Lithium
Zinc Lithium Zinc
Magnesium Zirconium
Aluminium
Magnesium
Nickel Chromium Copper
Copper Zinc Nickel
Iron Iron Iron
Chromium Nickel Chromium
CLOW] Zirconium Copper Zirconium
Table 2. 11; Analysis of the yield strength of as extruded HPGA Al-3. 5Cr- 
0. 5Zr-lMn alloy powders (Adkins, 1989).
Powder size Strengthening Mechanism (MPa)
Grain size* Solid solution Dispersion Total Measured
sub 45pm 163 (0.2pm) 180 * 64 407 407
45-200pm 108 (0.5pm) <180 i
K CD CD 356 356
* - grain size given in parenthesis
Table 2.12: Values of the oc-Al/5' Misfit Parameter, e (Williams, 1989)
wt%Li e (%) Temp CC) wt%Li e (%) Temp CC)
3. 0 -0. 29 250 2. 0 -0. 091 220
3. 0 -0. 32 270 3. 0 -0.047 275
3. 0 -0. 47 280 3. 0 -0.020 310
3. 0 0. 18 220 4. 0 -0.019 300
3. 0 -0, 08 200 4. 0 -0.043 350
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Table 2.13: Values of the a-Al/S' Interfacial Energy, y.3 for Al-Li alloys 
Data from Williams (1989)
YS (J/m2) Temp <*C) Ys (J/m2) Temp (*C)
, 0. 180 200 0. 025 200
0. 240 200 0. 014 200
0. 252 220 0. o n 100
0. 222 240 0. 014 150
0. 263 200 0. 080 250
0. 496 200 0. 070 200
0, 793 200 0. 050 260
0. 120 200 0. 052 240
0. 120 200 0. 099 220
Table 2.14: Values of the a-Al/S ' interfacial energy, from the
5' coarsening rates (Jung and Park, 1989)
Alloy (wt%) Temp CC> Y« (J/m2)
Al-2.45Li 160 0. 012
Al-2. 45L1 200 0. 011
Al-2.45Li 220 0. 008
Al-2, 45Li 250 0. 012
Al-3, 41LI 160 0. 010
Al-3. 41Li 200 0. 009
Al-3.41Li 228 0. 007
Table 2.15: Values of the 5' 
for Al~Li a lloys
Anti-Phase
(Williams,
Boundary Energy, Yapb 
1989)
wt%Ll Yapb (j/m2 ) wt%Li Yapb C/m2)
1. 5 0, 101 2. 5 0. 146
1. 9 0. 130 3. 0 0. 195
2. 8 0. 146 3. 1 0, 070
3. 9 0. 122 2. 2 0. 140
2, 2 0. I l l 2. 0 0. 072
Table 2. 16: Strengthening increments arising from hardening
mechanisms in Al-Li alloys (Noble et al, 1982)
Al-Li <at%> Strength (MPa)
Axob Axe Axs Axq
1 
> 
1 
H ! 0 s ! j
5. 5 13. 0 0. 6 0. 1 8. 0 23. 0
7. 1 47. 0 1.9 0. 7 27. 4 65. 2
10. 1 75. 0 3, 1 2. 5 48. 0 94. 2
13. 4 90. 0 5. 2 3. 3 60. 0 105. 0
Axofci = measured strength Axc = coherency strains
Ax-s = surface hardening AxQ = modulus hardening
Ax0 = order hardening
Table 2.17: Calculated strengthening contributions for an Al-Li-Zr 
alloy aged at 185"C (Fragomeni et al, 1989)
Time
(Hr) /s p 
ni 
3
f
Order
Strength (MPa) 
Orowan Solid Soln Total
0. 12 1. 88 0. 047 26, 0 - 15. 0 41, 0
0. 25 2. 40 0. 061 33. 6 - 15. 0 48. 6
0. 50 3. 02 0. 077 41. 9 - 15. 0 56. 9
1. 00 3. 81 0. 092 51. 8 - 15. 0 66. 8
2. 00 4. 80 0. 105 62, 2 - 15. 0 77. 2
4. 00 6. 05 0. 116 73. 2 - 15.0 88. 2
8. 00 7. 62 0. 125 85. 5 98, 4 15. 0 100. 5
12. 0 8. 72 0, 130 93. 1 89. 0 15. 0 108. 0
18. 0 9. 99 0. 134 100. 9 79. 8 15. 0 115. 4
24. 0 11. 0 0. 136 106. 4 82. 1 15. 0 120. 1
48. 0 13. 8 0. 161 131. 0 91. 1 15. 0 131. 7
72, 0 15. 9 0. 161 140. 2 83. 4 15. 0 125. 7
96. 0 17. 4 0. 161 109. 7 77. 0 15. 0 102, 7
225. 0 23. 2 0. 161 109. 7 56. 0 15. 0 76. 7
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Table 2.18: Data for RS Al-Zr alloys produced by the twin piston splat 
quenching technique (Sahin and Jones, 1978)
Alloy
wt%
Content
at%
L
(pm)
a
(nm)
H
(MPa)
H'
(MPa)
0 0 3. 6 0.40495 240 240
1. 3 0. 4 2. 5 0.40513 340 850 (400‘C, lhr)
2. 3 0. 7 2. 0 0.40525. 410 1040 ( " " )
3. 9 1. 2 1. 9 0.40555 590 1400 (350 °C, lhr)
4. 9 1. 5 1. 2 0.40565 730 1550 ( " " )
6. 2 1. 9 0. 9 0.40571 1120 1660 ( " " )
8, 6 2. 7 0. 6 0.40595 1250 1810 (250 "C, lhr)
9. 4 3. 0 - 0.40611 1380 -
12, 6 4. 1 — 0.40614 1420 —
L - grain size a - lattice parameter of ot-Al
H - as splatted hardness H' - peak hardness during ageing
J
Table 2,19: Data for the diffusion of Li in Al-Li alloys 
(Williams and Edlngton, 1975)
at% Li Temperature
(*C)
Diffusion Coefficient 
D, ra2/sec
12. 9 200 2. 84x10”10
12. 9 170 3. lOxlO-11
12. 9 140 2.71x10-13
10. 7 200 7.24x10_11
10. 7 170 1. 05X10-11
10. 7 140 8.66xl0~13
7. 9 200 2.42X10-11
7. 9 180 6. 84x10--'3
Table 2.20: Mechanical properties of binary Al-Li alloys aged at 
170°C for 24 hours (Noble and Harris, 1982)
at%Li UTS (MPa) 7<> Elongation
5. 5 225 22. 1
7. 1 271 9. 8
10. 1 432 3. 2
13. 4 460 2, 8
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Table 2.21: Microhardness of Al-Li-X alloy splats after solution treating 
at 540*C for lhr, and aged at 160*C. (Pratt et al. , 1987)
As Splatted Microhardness (160‘C)
Comp. (wt%> As-Splat 1 hr 10 hr lOOhr lOOOhr
Al-2, 6L1-0. 9Ti 88 100 67 43 26
Al-3. 7L1-0. 2V 94 96 82 56 23
Al-3. OLi-O. 7Cr 91 81 62 54 29
Al-2. 5Li-l. 5Fe 106 75 70 53 40
Al-2. 7L1-1. 5Zr 75 105 87 94 27
Al-4. 1L1-0. 5Mo 104 140 120 120 68
Table 2.22: Commercial Al-Li alloys including codes and compositions 
(Smith, 1987)
Code Composit ion 
Li Cu
(wt%)
Mg Zr
Strength 
UTS crv
(MPa) 
% E
Lital ‘ A' 2. 3-2. 6 1. 0-1. 6 0. 5-1. 0 0. 08-0. 16 515 444 5. 25
Lital ' B' 2. 4-2. 8 1. 6-2, 2 0. 5-1. 2 0. 08-0. 16 545 481 3. 75
8090 2. 2-2. 7 1, 0-1, 6 0, 6-1. 3 0. 04-0. 16 540 470 7, 00
8091 2. 4-2. 8 1. 8-2. 2 0. 5-1, 2 0. 08-0, 16 540 490 5. 00
Table 2.23: French Equivalent 
(Meyer and Dubost,
Commercial
1986)
Al-Li alloys
Code Equivalent Composition (wt%) Strength (MPa)
Li Cu Mg UTS °V %E
CP271 8090 2. 2-2. 7 1. 0-1. 6 0. 6-1, 3 500 380 10. 5
CP274 2091 1, 7-2. 3 1. 8-2. 5 1. 1-1. 9 480 430 12. 0
CP276 — 1. 9-2. 6 2. 5-3. 3 0, 2-0. 8 600 500 5. 0
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Table 2.24: Measured 5' solvus by Valentine and Saunders (1989)
Alloy 6' Solvus 
(1) (2) 
•c °C
Solvus
shift
•c
Homogeneous 
Decomposit ion 
°C
Al-2.05L1-0, 3Cu~2. 70Mg~0. 13Zr 250 236 + 14 215
Al-2.04Li-0. 5Cu-2. 79Mg-0. 13Zr 247 236 + 14 212
Al-2.02L1-0. 8Cu-2. 79Mg-0. 13Zr 252 233 + 19 215
Al-2.OOLi-1. 03Cu-2. 76Mg~0. 13Zr 250 237 + 13 217
Al-2.OOLi-1. 3Cu-2. 8Mg-0. 14Zr 247 237 + 10 215
(1) - experimental (2) - expected
Table 2.25: Experimental data f or RS Al-Li-Zr alloys
Alloy Comp (wt%) Extrusion Ageing Property (MPa) Ref.
Li Zr Temp (*C) Temp (4C) °y UTS %E
2. 8 0. 14 NA 190 433 474 4. 0 1
2. 77 1. 52 NA 190 379 426 5. 6 1
2. 8 0. 81 300 190 530 540 4. 8 2
4. 08 1. 05 300 190 590 595 2. 8 2
3. 0 2. 01 300 190 515 525 3. 7 2
2. 6 0. 09 200 185 280 - 7. 6 3
2. 54 0. 66 500 190 515 - 4. 5 4
2. 54 0. 66 400 190 530 - 4. 6 4
2. 54 0. 66 300 190 530 - 4. 5 4
3. 4 0. 5 NA 180 409 430 8. 4 5
NA - !Not Available
1 - Palmer 1980 3 - Pegram, 1989 5 - Shin, 1989
2 - Mcshane et al, 1989 4 - Mahmoud et al, 1986
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Figure
Figure
8
2.1: Structure map for an Al-Cu alloy (Cohen et al., 1980)
2.2: Dendrite spacings, X as a function of cooling rate, + 
(Jones, 1982)
- 78 -
<uua
ra
OJ
CL
5
Composltion Composition
Figure 2.3: Variation of Tc with alloy composition (Jones, 1990)
Figure 2.4: Schematic of a solidification arrest during RS (Cantor, 1986) 
(Tn - Nucleation temperature, TQ - Growth temperature and 
ATn - undercooling)
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Figure 2. 5: Calculated predominant nucleation map for Al-Cr alloys 
(Pan et al. , 1989)
Figure 2.6: Relationship between grain size and yield strength for Al
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Figure 2.
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7: Grain size vs mechanical strength for PM 7091
[UA - under-aged, PA - peak-aged, 0A - over-aged3 
(Kim and Griffith, 1984)
8; Schematic diagram showing the change in strengthening mechanism 
from shearing to looping (Starke and Wert, 1976)
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At.% Zr
Figure 2. 9i The Al-Zr phase diagram (Mondolfo, 1976)
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Figure 2. 10: Microetructural map of Al-Zr alloys as a function of alloy 
composition and cooling rate (Hori et al. , 1982)
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Figure 2.11: Schematic diagram showing the nucleation and growth of 
discontinuous precipitates in Al-Zr alloys 
(Nes and Billdal, 1977b)
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Figure 2. 12: The Al-Hf phase diagram (Mondolfo, 1976)
Hf content (w t'/« )
Figure 2.13: Grain size ve Hf content for Al-Hf alloys (Hori et al. , 1981)
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Figure 2.14: (a) Morphology of the Ll2 Al3Hf intermetallic (b, c, d)
Sectioning of the Ll2 Al3Hf intermetallic (Hori et al. , 1981)
wt.'A
.Hf content ( at*/.)
Figure 2. 15: Variation of the lattice parameter of oc-Al with Hf 
concentration (Hori etl., 1982)
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Figure 2.16: Variation of hardness with Hf concentration (Hori et al.,1981)
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Figure 2.17: Ageing of as cast Al-Hf alloys (Hori et al, 1981)
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Figure 2.18: Ageing of Al-Hf alloys after 80% deformation 
(Hori et al. , 1981)
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Figure 2.19: Crystallographic structure of the transformation from the 
Ll2 to D023> Al3Hf phase (Furushiro and Hori, 1985)
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Figure 2.20: The structure of the 1H' phase (Furushiro and Hori, 1985)
Figure 2.21: Al-Li phase diagram (McAlaistar, 1982)
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Figure 2.22: Schematic diagram of the Ll2 Al3Li unit cell 
(Gayle and Vandersande, 1986)
U,wt-7o Li,wt-7o
Figure 2. 23: (a) Al-Li phase diagram showing two phase fields
(Gayle and Vandersande, 1986)
(b) Al-Li phase .diagram showing a miscibility gap 
(Sigli and Sanchez, 1986)
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Figure 2. 24: Mechanical properties for Al-Li alloys Aged for 24hrs at 170°C 
(Noble et al. , 1982)
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CHAPTER 3
The alloys investigated in this work are given in Table 3. 1. They were 
prepared from superpurity aluminium (99.999%) and master alloys of Al-
8. 8wt%Hf and Al-7. 7wt%Li. Each master alloy contained impurities of iron, 
copper and silicon (Table 3.2). In addition to this, the Al-Hf master alloy 
contained a small amount of zirconium (<0. 2wt%Zr).
To avoid contamination of the alloys with carbon and silicon, alumina 
coated graphite crucibles were used to melt the alloys. This limited the 
maximum working temperature of the crucibles to 1250*C.
3.2 Chill Casting
It has been noted (Adkins et al, 1988) that chill casting in a wedge 
shaped air cooled Cu mould results in a variety of cooling rates which are 
comparable with those encountered in High Pressure Gas Atomisation (HPGA). 
Therefore chill casting in a wedge shaped copper mould was used to produce 
alloys whose composition would give powder with a transition from an a-Al 
cellular microstructure without interraetalllcs to one containing 
intermetallics in the sub. 45pm size fraction. For Al-Cr and Al-Zr based 
alloys, it has also been established (Adkins et al, 1988 / Adkins, 1989) 
that this transition occurs at a wedge thickness of 1. 6mm (Figures 3.1 and 
3.2). The dimensions of the wedge shaped mould used are given in Figure 
3. 3. The wedge has a 7 degree taper giving a variation in section thickness 
from 20pm at the tip to 15mm at the top. The cooling rates at the wedge tip
EXPERIMENTAL TECHNIQUES
3. 1 Alloy Preparation
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and thickness of 1. 6mm have been estimated to be 10eK/s and 103K/s 
respectively (Adkins, 1989).
A Rcxdyne induction unit (20kW-20kHz> was used to melt the alloys under 
argon shielding. The melts were given a superheat of 200K for several hours 
to ensure dissolution of the intermetallics. After casting the tip of each 
wedge was removed and the 1. 6mm thickness noted.
3.3 High Pressure Gas Atomisation (HPGA)
3.3.1 Description of the Atomiser
For the production of high quality fine Al alloy powders, the High 
Pressure Gas Atomiser of the University of Surrey was used. The HPGA unit 
is shown schematically in figure 3.4. The atomiser is separated into two 
chambers (upper and lower) which allows its operation with a difference in 
pressure between the chambers. By applying an overpressure to the top 
chamber the back pressure at the tip of the melt delivery tube can be 
compensated for thus allowing control over the rate of atomisation (see 
§2.3.2 and 2.3.3). In the top chamber the melting of the alloys takes 
place. As a result of the partition being included, the top chamber remains 
powder free thus increasing safety and reducing the cleaning times between 
atomisation runs. A schematic of the crucible assembly is shown in figure 
3. 5, The alumina coated graphite crucibles had a 24mm hole machined in the 
centre of the base. A boron nitride insert was cemented into the crucible 
using a high temperature adhesive. The boron nitride melt delivery tube 
contained a 2mm alumina Insert and was cemented into the atomising die also 
shown schematicly in figure 3.5, Once in position, the crucible was lowered 
onto the nozzle and sealed with the high temperature adhesive. To prevent
leakage a boron nitride stopper rod was mated with the insert (see figure 
3. 5).
During every experiment the 02 content of the lower chamber was 
monitored using a portable Oxygen analyser (Servomex 580A) and the 
atmosphere was kept constant at 0. 2%0;2. The lower chamber contains the die 
assembly and secondary gas jets. The use of the latter allows oxygen to be 
bled into the system to produce a protective oxide layer on the 
particulate. However in this work it was noted that there is sufficient 
oxygen present within the atomiser to promote the growth of an oxide layer 
(Carney, 1990). Therefore in the atomising experiments of this work the 
secondary gas jets were not used. The lower chamber is connected to a 
collection box via an elbow and cyclone system. This allows effective 
separation of the atomising gas and particulate. The nozzle temperature, 
oxygen content and chamber pressures were closely monitored during the 
running of the atomiser. A schematic showing the variations of these 
parameters during an atomisation run is given in figure 3.6.
Below the atomisation experiments will be studied under three sections, 
namely the melting of the alloy, atomisation of the melt and collection of 
the powder.
3.3.2 Melting
Up to 5Kg of charge could be atomised at any one time. In this work the 
typical charge was 2-2. 5Kg. Melting was achieved in an Argon atmosphere by 
induction melting the alloy using a Raydyne unit (20kW-20kHz>. Alumina 
coated graphite crucibles were used to contain the melt which was heated at 
an average rate of 10-20*C/mln.. Prior to atomisation the melt was held at 
200*K above the llquidus for 30 minutes.
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3.3.3 Atomisation
The atomiser was evacuated by using a rotary vacuum pump to an average 
chamber pressure of 3mbar. The chamber was then back filled with argon to 
atmospheric pressure. The charge was melted as described in section 3,3.2. 
Once molten a slight positive pressure (0. 05atm) was applied to the whole 
chamber. The two chambers were then isolated and an overpressure of 0. 12atm 
was applied to the top chamber. Table 3.3 gives the details of all the 
atomisation experiments. The exhaust valve was opened and the stopper rod 
was raised which allowed the melt to flow through the insert and exit at 
the tip of the melt delivery tube. Once a stream of melt was observed the 
die gas was activated at the preset pressure of 300Psl. The time delay 
between raising the stopper rod and activating the die gas was about 1 
sec. An initial transient was observed before steady state atomisation was 
observed (figure 3.6). Opening the exhaust valve reduced the lower chamber 
pressure before the atomising gas restored equilibrium. The atomising gas 
pressure was Increased once steady state conditions had been achieved to a 
maximum of 500Psi. The atomisation run was terminated either when all the 
metal charge had been atomised or due to a blockage in the melt delivery 
tube. The exhaust valve was closed leaving a slight positive pressure 
within the atomiser.
3.3.4 Collection Of Powder
The solidified droplets were swepted towards the elbow and cyclone 
(figure 3.4) by the gas stream. The cyclone separated the powder from the 
gas with the powder going to the collection box and the gas to the exhaust 
via a series of filters.
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The collection box was transferred to a glove box where the powder was 
unloaded under argon. The 02 content of the glove box was monitored by the 
portable oxygen analyser and during its operation the Qrc level was <0. 5%02. 
The powder was transferred to metallic cans for subsequent storage. Sieving 
of the powders also took place in the glove box in a controlled atmosphere.
3. 4 Powder Size Analysis
The powder size distribution of the sub. 200pm fraction of each 
atomised alloy was analysed using a Malvern Master Sizer. A small quantity 
of the powder <2-5g) was dispersed in water containing a drop of Nonidet 
P42 dispersant and agitated in an ultrasonic bath for 5 minutes to reduce 
agglomeration. The results of these analyses are given in Table 3. 3.
3.5 Chemical Analysis
Chemical analyses of both wedge castings and atomised powders were 
performed. The majority of elements were analysed by atomic absorption 
spectroscopy (±0. 05wt%> the exceptions being Si and Hf which were analysed 
by a wet chemical method. The results of the chemical analysis are given in 
Table 3. 1.
3. 6 Metallography
3.6.1 Specimen Preparation for Optical Microscopy
The tip of each wedge was mounted in conductive bakelite and held at 
150°C for 5 minutes before cooling for a further 90 seconds, The atomised
powders were mixed with fine bakelite powder (ratio 1:3) before mounting as 
above.
Specimen polishing was automated using the Struers 'Planapol* polishing 
machine. Specimens were ground using grit to 4000 and then polished using 
diamond paste at 3 and 1pm. A final finish was achieved using a solution of 
KOH in distilled water (1: 1). All specimens were etched with the Keller's 
etching reagent (1%HF, 1. 5%HC1, 2.5%HN0S, 95%H20>. Optical microscopy was
performed on a Zeiss Axiophot microscope.
3.6.2 Specimen Preparation for Scanning Electron Microscopy
In addition to the optical microscopy a Cambridge 250 SEM operating at 
20KV was used to give higher resolution images of the various structures. 
Each specimen was sputtered with a thin coating of gold to prevent charging 
in the SEM.
3.6.3 Grain Size Determination
The grain size of the wedges was estimated using the mean linear 
intercept method. A line of length, L was marked on the specimen and the 
number of grain boundaries traversed, N was noted. The grain size, d, was 
calculated from, d = 1.75L/N (Pickering, 1976)
3. 7 Transmission Electron Microscopy
TEM was employed to verify the extension of solid solubility and to 
characterise the microstructure and identify the phases present. TEM was 
performed on a JOEL 200CX microscope with LINK quantitative EDX analysis
facilities. In addition to this a Philips EM400T TEM with EEL's facilities 
was used to determine the foil thickness (see below). A VG HB501 STEM 
microscope fitted with LINK quantitative analysis facilities was also used 
for clustering studies in the Al~Hf solid solutions.
3.7. 1 Preparation of TEM Discs from Alloy Wedges
The tip of the wedge shaped casting (to be refered to below as the 
wedge), at 1.6mm original thickness, was mounted onto a block with double 
sided adhesive tape. Both sides of the tip were ground using 1200 grit 
until a thin sheet was obtained. From this sheet, 3mm TEM discs were 
'stamped out* and further grinding was done using 4000 grit until a 
thickness of approximately 150pm was obtained. Each specimen was then 
electropolished in a Struers 'Tenupol' unit using 5vol% perchloric acid in 
methanol kept at -40 *C with a potential of 30V and a current of 0.1A.
3.7.2 Preparation of TEM Discs from Alloy Powder Sections
HPGA powders are too large to be electron transparent but too small to 
allow conventional TEM preparation techniques. Methods were therefore 
developed which use a matrix to hold the powder particles which can then be 
thinned. These techniques are described below.
(a) Microtomed Sections
The powders produced by HPGA were seived in methanol to <10pm. The 
powder was mixed with a resin and transfered to a pyramidend BEEM capsule 
where it set in 24 hours. The resin containing the powder was sectioned
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with a diamond knife in a Riechet UM3 ultramicrotome to produce sections of 
lOOnm thickness. These sections were floated off on water and picked up on 
titanium grids. Each grid was coated with a thin film of carbon <<10nm> in 
order to improve the stability of the sections in the electron beam.
<b> Nickel Plating-Powder Sedimentation
Another technique which has been extensively used for the preparation of 
electron transparent powder sections involved plating the powder and nickel 
simultaneously onto a stainless steel former, (Marshall, 1986). The bath 
solution was a mixture of 200ml nickel sulphamate solution (BDH Analar),
0. 88g nickel chloride (BDH Analar) and 8. Og boric acid (BDH Analar) at 
50*C. Approximately 1 g of the metal powder was added to this solution and 
stirred constantly so that the powder slowly sedimented onto the stainless 
steel former were it was incorporated in the nickel plate. The plating was 
continued for 3 hours at a current density of 50 mA/cm2. The nickel plate 
was then peeled away from the former and 3mm discs punched out. These discs 
were ground to a thickness of 150pm on grits (to 4000 grit finish) and ion 
beam thinned until perforation. An alternative method was to electropolish 
the disc until perforation and then ion beam thin the hole for a further 
few hours. This method greatly reduced the time required to produce a 
specimen and the amount of damage to the microstructure. Just 
electropolishing the nickel plated powder did not produce a well thinned 
area.
Whilst this technique could provide good electron transparent sections, it 
had some disadvantages.
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<1) A good plate could only be achieved at approximately 60*C. Therefore
close monitoring of the temperature was required.
<2> Since the powder was stirred into the solution, there was an upper 
limit to the powder size which could be plated as the larger particles sink 
to the bottom of the container.
(3) Powders of similar size sedimented at the same rate producing foils 
containing only one powder size.
(4) The plating bath got contaminated with powder and therefore a fresh 
nickel plating bath had to be produced for each different alloy.
(5) The discs which were produced did not have good ductility. This made
further foil preparation difficult.
In order to overcome some of the difficulties presented by the nickel 
plating/powder sedimentation method, an alternative technique of copper 
plating/powder adhesion was developed.
<c> Copper Plating-Powder Sedimentation
The final and most successful method, involved copper plating powder which 
had been adhered to a stainless steel former, see figure 3.7a. A thin 
layer of powder was spread over a piece of stainless steel (4cm*3cm) pre­
coated with adhesive <a thin layer of 3M Spraymount). The loose powder was 
washed off with water and the piece of steel+powder was plated for 1 hour 
using a current density of 200 mA/cm3. The plating bath used to give bright 
plating conditions contained lOOg copper sulphate (BDH Analar), 32ml of 
H^SO* (BDH Analar), 0, 25g Naphthalene tri-sulphonic acid (BDH) and 0.0025g 
thiourea (BDH) plus water to 500ml (Figure 3.7b). On completion the plate 
could easily be peeled off. This plate was polished on the non-powder side
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until it was ~150jim thick. Due to the colour difference between the powder 
and the plate the density of particles in the plate could be checked by 
light microscopy before FAB thinning. Then 3mm discs containing a high 
density of particles were punched out and polished on 3pm and 1pm diamond 
wheels to a good finish on both sides. The discs were finally FAB thinned 
to perforation at an angle of 15* 03 hours) and then at 10* for 1 hour.
The third method had many advantages over the nickel plating technique.
a) The plating was performed at room temperature so a temperature 
controlled bath was not required.
b) The plate was ductile and therefore much less prone to cracking during 
punching and polishing.
c) Copper FAB-thlns much faster than nickel and thus specimen preparation 
times were much shorter.
d) A complete range of powder sizes could be plated at the same time. In
the nickel plating technique only similar powder sizes sediment at the same
rate.
The only difficulty with the copper plating technique involved putting the 
adhesive layer on the stainless steel evenly and thin enough for it to be 
plated.
3.7.3 Preparation of TEM Discs from Consolidated Powder Sections
Longitudinal and transverse sections were taken from the extruded rods 
by grinding the rod until a thin sheet was obtained, Foils were then
prepared as for the alloy wedges (see also §3.7.1).
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3.7.4 Microanalysis
Microanalysis was performed on the JOEL 200CX TEM using EDX/STEM 
facilities with a probe size of 4-5nm. The microscope was operated at 160kV 
with spectra collected for lOOsecs at ~3000c/sec. Subsequent processing was 
performed using the LINK RTS2 processing routine with a specimen thickness 
of lOOnm and a density of 2. 7gcm-3.
3. 7. 5 Determination of the Foil Thickness
Foil thicknesses were estimated on the Phillips EM400T TEM using Energy 
Loss Spectroscopy (EEL's). The microscope was operated at 120kV with a spot 
size of 400nm. Three EEL's spectra were collected per specimen and an 
example is shown in figure 3.8. The foil thickness was estimated from the 
distance between the first two Al plasmons as indicated in figure 3.8. The 
EEL's data was subsequently processed U6ing a quantitative LINK package 
with the mean free path of Al as 1250A to give the foil thickness in A..
3.7.6 Clustering Experiments
The VG HB501 STEM microscope available at the University of Liverpool 
and fitted with LINK quantitative analysis facilities was used to study 
clustering in the Al-Hf solid solutions. Elemental maps were constructed at 
magnifications 2*10B times with a spatial resolution of about 15A. The 
dwell time for each pixel was 0, 03sec using an array of 256x256.
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3.8 Measurements of Hardness and Microhardness
The microhardness of the alloy wedges was measured in a Vickers micro­
hardness testing machine using a 25g load. Measurements were performed 
along the central axis of the specimen where the wedge thickness was 1. 6mm.
Ten readings were taken per sample and the average was calculated.
The hardness of the consolidated alloy powders was measured in a
Vickers hardness testing machine using a 5kg load. Ten readings were taken
per sample and the average was calculated.
3.9 X-Ray Diffraction
The Debye-Scherer method was used for phase identification and for 
measuring accurately the value of the lattice parameter of the a-Al phase 
using the Nelson-Riley function (Nelson and Riley, 1945). Each film was 
exposed for a total of 2 hours using small and large collimators. Copper 
radiation with a nickel filter was used to give a monochromated wavelength 
of 1. 541838A.
In the case of the alloy wedges a thin sheet of material was produced 
in a similar way to that outlined in section 3. 7. 1 . A thin section was 
removed from this sheet at 1.6mm original thickness and aligned directly in 
the powder camera,
A thin sheet of material was produced from the consolidated alloy 
powders in a similar way to that outlined in section 3.7.3. A thin section 
was removed from this sheet and aligned directly in the powder camera.
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3. 10 Consolidation of Alloy powders
Powders of the Al-Li, Al-Hf and Al-Li-Hf alloys were sieved to sub 45pm 
in an Argon atmosphere (see §3.3.4). After sieving the powder was 
transfered to Al cans and degassed (figure 3.9) at 350*C for 2 hours with a 
vacuum better than 1-1.5.*10~'' torr. The furnace was preheated to 350*C 
resulting in a fast heating rate of the can (>50*C/min). After degassing 
the can was immediately sealed by clamping the end of the powder feed tube. 
The can was then air cooled. The powder was extruded at 350*0 with an 
extrusion ratio of 25: 1 and with a ram speed of 20mm/min. The extrusion 
details for each alloy are given in Table 3.4,
3.11 Heat Treatments
Specimens of both wedges and consolidated powders were heat treated in 
a furnace controlled to within ±4*C. Heat treatments were performed up to 
1000 hours. To minimise oxidation the wedges were wrapped in Al foil and 
the tensile specimens of Al-Li alloys were encapsulated under an argon 
atmosphere in silica tubes. After the heat treatment all specimens were 
water quenched.
3. 12 Tensile Testing
Tensile specimens with a gauge length of 18mm (see figure 3. 10) were 
tested at room temperature. A 6kN load cell was used with a cross head 
speed of 20mm/min.
3. 13 Density Measurements
The density of alloys A2-A6 in Table 3. 1 was measured using two 
techniques. The Archimedes method was used with water as the dispersing 
medium. In addition to this technique a bar of 5mm diameter * 30mm length 
was machined for each alloy. After weighing in a four figure balance, the 
density was calculated and compared with that of the other technique.
3. 14 Quantitative Metallography
Quantlmet Image Analysis was performed on a Cambridge 920 Quantimet 
using a LINK programme (see Appendix A>. A grey image was collected using a 
Macro Image Camera which was focussed onto prints of the thin foils 
containing the desired area. The grey image was then transfered to a binary 
image and, after editing, the average particle size and area fraction were 
calculated.
-105-
Table 3. 1: Alloys under investigation
Alloy
Code wt%
Hf
at% wt%
Li
at%
Impurities (wt%> 
Si Fe Cu
W1 0. 34 0. 05 ~ - 0. 022 0. 020 0. 010
W2 0. 50 0. 08 - - 0. 017 0. 019 0. 006
W3 0. 70 0. 11 - - 0. 023 0. 018 0. 001
W4 1. 04 0. 16 - - 0. 022 0. 018 0. 001
W5 1. 48 0. 23 - - 0. 410 0. 030 0. 060
W6 1. 77 0. 27 - - 0. 270 0. 020 0. 080
W7 2. 08 0. 32 - - 0. 360 0, 070 0. 050
W8 3. 07 0. 48 - - 0. 270 0. 100 0. 070
W9 3. 27 0. 51 - - 0. 630 0. 010 0. 070
W10 4. 37 0. 69 - - o. too 0. 130 0. 090
Al 1. 60 0. 25 - - 0. 103 0. 100 0. 082
A2 - - 2. 25 9. 32 0. 099 0. 018 0. 032
A3 0. 63 0. 09 0. 91 3. 47 0. 540 0. 017 0. 087
A4 1. 00 0. 14 1. 96 7. 27 0. 280 0. 108 0. 022
A5 1. 23 0. 17 2. 20 8. 12 0. 170 0. 013 0. 034
A6 1. 60 0. 23 2. 64 9. 63 0. 113 0. 101 0. 006
Table 3.2: Chemical Analysis of Master Alloys
Alloy Hf Li Impurities <wt%>
wt% wt % Si Fe Cu
Pure Al* — — 0. 04 0. 020 0. 007
Al-8. 8wt7,HF 8. 84 - 0. 03 0. 031 0. 024
Al-7. 7wt7,Li - 7. 61 0. 11 0. 006 0. 007
* - 99.999%A1 cast using a graphite crucible into a wedge 
shaped copper mould.
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Table 3. 3: Details of Atomisation Experiments
Alloy
Code
Over Pres. 
(Atm)
Gas Pres, 
(psi)
Trne* 1  i i
T” £|«M» J  R MDT
(ram)
Powder* 
dm (pm)
Lubanska*" 
dm (pm)
Al 0, 12 500 0. 57 0. 87 0. 66 3, 30 21. 2 15. 01
A2 0. 15 500 0. 91 0. 64 1. 41 3. 30 21. 1 18. 09
A3 0. 12 500 0. 21 0. 65 0. 32 2. 00 12, 6 10. 16
A4 0. 12 500 0. 21 0. 55 0. 26 2. 00 17. 6 11. 30
A5 0. 12 500 0. 64 0. 51 1. 25 2. 00 16. 0 9. 43
A6 0. 15 500 0. 38 0. 80 0. 48 3. 30 11. 8 14. 20
Jr Tfftwa 1 "ti /
* - measured (see §3. 4)
+ - calculated from eq. (2.27)
MDT - diameter of melt delivery tube
Table 3.4: Details of the Extrusions
Alloy
Code-*'
Ext. Ratio Temp
(*C>
Ram Speed 
(mm/min)
Al 25 1 354 20
A2 25 1 350 20
A3 25 1 350 20
A4 25 1 349 ‘ 20
A5 25 1 350 20
A6 25 1 350 20
+ - see Table 3.1
-107-
Figure 3.1: Formation of A1XTMV intermetallics in Al-TM alloys at the 
wedge thickness tcrAi; (Adkins et al, 198S)
Figure 3.2: The relationship between powder size (d{;^ ii;) and wedge 
thickness (t^riil) (Adkins et al, 1988)
175mm
Figure 3.3: Wedge shaped air cooled copper mould
Figure 3. 4: Schematic of the High Pressure Gas Atomiser
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Figure 3. 5: Schematic diagram showing the crucible and atomising 
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Figure 3. 6: Schematic of a typical atomisation run
-111-
stainless steel
1
stainless steel and
1
P o O Q o o O o O o O o O q
conducting adhesive 
+ powderL— _ 1 
1
+ copper plate
\
m m m . peel o ff plate
\
IQqOoo Oo O oOoQOo C. grind to thickness
of 150 pm
1
punch discs and FAB thin
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DC power supply
Figure 3.7b: Geometry of the copper plating bath
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Figure 3.8: Example of an EEL's spectrum showing Al plasmons
Figure 3.9: Schematic of the degassing equipment
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CHAPTER 4- 
EXPERIMENTAL RESULTS
4.1 Chill Cast Al-Hf Alloys
4.1.1 As Cast Condition
4. 1. 1. 1 Optical Microscopy
Tha microstructure of alloys W4, W5 and W6 containing up to 2wt%Hf (see 
Table 3. 1) at a wedge thickness of 1.6mm was an a-Al solid solution.
(figures 4. 1). Throughout the wedge thickness, the grain size of these 
alloys was large. In alloy W5, at a wedge thickness of 9. 1mm a transition 
was observed from an a-Al cellular microstructure without intermetallics to 
one containing intermetallics (figure 4.2). Chill crystals were observed at 
the edges of each wedge in contact with the dull surface whilst the 
interior of each wedge consisted of large columnar grains.
Within some of the grains, very fine cells were visible. The direction 
of melt flow during casting could also be seen. For alloys W4, W5 and W6, 
the grain size decreased as the wedge thickness decreased. This is 
consistent with the effect of higher cooling rates on the grain size at the 
tip end of the wedge. Figure 4.3 is a plot of grain size vs wedge thickness 
for alloy W5.
For alloys W7-W10 (>2wt%Hf, see Table 3. 1) at a wedge thickness of 
1.6mm, an angular intermetallic was observed (figure 4.4). Two distinct 
morphologies were observed, those which were triangular and those with four 
petals, These angular intermetallic particles were identified as the Ll2 
Al3Hf phase (see §4. 1. 1.3). The average size of these intermetallics was 
2-3pm and their presence was associated with a refined grain size from 400 
to 5pm. Figure 4.5a shows a plot of grain size vs Hf concentration measured 
at a wedge thickness of 1.6mm. Sectioning of the intermetallics along
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certain crystallographlc directions (figure 2.14) revealed the different 
morphologies shown in figure 4.4.
In alloys W7-W10 an intermetallic with a different morphology was 
observed at a wedge thickness of 12mm. This phase appeared in the form of 
needles varying in length from 2-5pm (figure 4.6a). Typical values of their 
aspect ratios were 10, 15 and 30. This intermetallic was identified as the 
equilibrium Al3Hf phase (see §4.1.1.2)..
4. 1. 1.2 X-ray Diffraction
The change in a-Al lattice parameter with increasing Hf additions was 
measured by X-ray diffraction at a wedge thickness of 1.6mm. Additions of 
Hf increased the a-Al lattice parameter (See Table 4. 1 and figure 4.5c).
Only the a-Al phase was present in alloys containing up to 2wt%Hf (alloys 
W1-W6 in Table 3. 1). For the alloys with higher Hf concentration additional 
diffraction lines were observed at a wedge thickness of 1.6mm. These were 
identified as belonging to the metastable Ll2 Al3Hf phase (Table 4.2) whose 
lattice parameter was calculated as a=4.05lA.
For the alloys W7-W10 (>2wt%Hf), another phase was detected at wedge 
thicknesses > 1. 6mm where slower cooling rates operate. This phase was 
identified as the equilibrium Al3Hf phase which has a BCT D023 type 
structure (Table 4.3).
4. 1. 1.3 Electron Microscopy
Alloys W1-W6 (<2wt%Hf see Table 3. 1) had typical cellular structures 
within large grains (300-400pm) (figure 4.7a>. The cell size was 
approximately 2-3pm with the intercellular regions being, on average, 0. 5pm
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thick. EDX analysis of the cells showed them to be rich in Hf when compared 
with the intercellular region (Table 4.4) with a concentration gradient 
from the centre of the cells to the edge (figure 4.7b). Within the 
intercellular regions, small spherical precipitates (0. 25-0. 5pm) were 
observed. These contained both copper and iron (See figure 4,7a and Table 
4. 5).
Alloys W7-W10 (>2wt%Hf) contained the primary intermetallic observed by 
optical microscopy at a wedge thickness of 1. 6mm. The grain size was 4-5pm 
in agreement with that measured by optical microscopy (figure 4.8a). These 
angular precipitates were identified by selected area diffraction (SAD) as 
the Ll2 Al3Hf phase (figure 4.8b).
In low magnification bright field images the Ll2 Al3Hf phase appeared 
as cubes. Occasionaly, precipitates were observed which contained petals 
(figure 4.9) and a bright zone was present within the precipitates (Figure 
4.10a). Depletion in solute was detected by EDX analysis across one of 
these precipitates (Table 4.6 and figure 4.10b). At higher magnifications, 
almost all of the precipitates contained a small Hf rich, near spherical 
centre which imaged dark in bright field (figure 4. 11 and Table 4.7). The 
structure of these precipitates was dendritic with four main branches 
generating from the centre of the intermetallic to the corners of the 
precipitate (figure 4.11). Occasionally the angular structures failed to 
image a dark centre in bright field. This effect was observed with the more 
elongated precipitates (figure 4.12). EDX analyses across both types of 
precipitate shown in figures 4.11 and 4.12 are given in Table 4.8 and 
figure 4.13.
For the more concentrated alloys (W8-W10 in Table 3. 1) small 
spherulites of 50-100nm size were also observed near the periphery of the 
angular intermetallics (figure 4.14). These precipitates were different
from those observed in the more dilute alloys which contained copper and 
iron impurities (figure 4.7a). Subsequent EDX analysis and SAD confirmed 
that these precipitates were the Ll2 Al3Zr phase (figure 4.14 and Table 
4. 9).
The equilibrium phase was not observed in any of the wedge cast alloys 
at a wedge thickness of 1.6mm. However in alloy W7, at a wedge thickness of 
12mm, the equilibrium phase was identified by EDX analysis (Table 4, 10).
The equilibrium phase appeared in the form of needles indiscriminately 
within the foil sections. Typical aspect ratios were similar to those 
observed by optical microscopy, namely 10-20 (figure 4.6b).
Figure 4. 15 shows two elemental maps of Hf and Al for the as cast Al- 
1.77wt%Hf wedge. Due to the poor statistics of the analysis figure 4.15 
suggests that clusters >10A were not present in this alloy.
4. 1. 1. 4 Micro-Hardness
The microhardness of alloys W1-W10 was measured at a wedge thickness of 
1.6mm and is given in Table 4. 1 and figure 4.5b.
4.1.2 Decomposition of Solid Solutions
4.1.2.1 Introduction
Following the initial Investigation of the Al-Hf alloys in the as cast 
condition (§4.1. 1), the maximum solid solubility of Hf in Al at a wedge 
thickness of 1. 6mm was established to be 2wt%Hf. Thus binary Al-Hf alloys 
with 0.32, 0.50 and 1. 04wt%Hf were chosen to study the decomposition of the 
solid solution at 400*C for up to 1000 hours. The decomposition of the
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4. 1.2.2 The Al-0.32wt%Hf Alloy
After 200 hours only the a-Al phase was identified by XRD. In specimens 
aged for 500 and 1000 hours the Ll2-Al3Hf phase was present (Table 4.11). 
The lattice parameter of a-Al had not changed significantly after 1000 
hours. In specimens aged for 100 and 200 hours only a-Al cellular 
structures were observed by TEM thus confirming that Hf was retained in 
solution during casting (figure 4.16). The precipitates in figure 4.16 
contain both Cu anf Fe (see Table 4. 12). On the other hand TEM of specimens 
aged for 500 hours showed copious precipitation of small spherical 
precipitates within the a-Al cells (Figure 4.17) which were identified by 
SADP as the Ll2 Al3Hf phase. The precipitate size varied from l-20nm 
(Figure 4.17). The peak hardness of 53kg/mm2 was reached after 500 hours 
at 400*C.
4. 1.2. 3 The Al-0. 50wt%Hf Alloy
After 100 hours only the fee a-Al phase was identified by XRD. 
Superlattice reflections belonging to the Ll2 Al3Hf phase were observed 
after 200 hours at 400*C (Table 4.13). Copious precipitation of Ll2 Al3Hf 
within the a-Al cells was observed by TEM in specimens aged for 200 hours. 
The precipitate size was l-20nm with typical interparticle spacings of 10- 
30nm (figure 4.18). The peak hardness of 56kg/mm2 was reached after 200 
hours at 400*C,
solid solutions was monitored by X-ray diffraction, TEM and micro-hardness
measurements.
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4. 1.2.4 The Al-1.04wt%Hf Alloy-
After ageing for 100 hours at 400’C the Ll2 Al:3Hf phase was identified 
by XRD (Table 4.14). TEM studies showed that an alternative mode of 
decomposition of the solid solution had occurred. These precipitates were 
in the form of rods/filaments with aspect ratios ranging from 5 to 40. Most 
of the precipitates contained branches with small spherical precipitates 
attached to the ends of some of these branches giving a feather-like 
appearance (Figures 4. 19a).
By SADP these precipitates were identified as the Ll2 Al3Hf phase 
(figure 4.19a). Dark field imaging using one of these superlattice 
reflections imaged all of the precipitates suggesting that they are all of 
the same orientation (Figure 4. 19b). Within an area of 2pm3 all of the 
precipitates were aligned in the same direction (figure 4.19). Furthermore, 
all precipitates which were adjacent to the grain boundary had aligned 
themselves normal to it (figure 4.20). Surrounding grains were often found 
to be free of precipitation.
Three distinct precipitate morphologies were observed which appeared to 
depend on the position of the precipitate with respect to the grain 
boundary.
(a) The majority of the precipitates were 2-3pm long with a precipitate 
spacing of 0^. 5pm (figure 4.21a). Occasionaly they were observed to contain 
branches at right angle to the main stalk. All these precipitates had small 
(0.1pm) feathers with a fine spacing (0.05pm). The feathers were observed 
only on one side of the main stalk. Typical areas where these precipitates 
were observed in relation to the grain boundary are shown in figure 4.20, 
position A.
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(b) The second precipitate morphology is shown in figure 4.21b. These 
precipitates were about 0.5pm long and exhibited two main features: (i)
Each precipitate contained an area which at one end imaged dark in bright 
field. (ii> All precipitates were straight and occasionally they opened 
into a 'Y' shape. Typical areas containing this precipitate morphology are 
given in figure 4.20, Position B.
(c) The third precipitate morphology was less common and is shown in figure 
4.21c. In appearance these precipitates were similar to those in figure 
4.21a although the spacing between them was much finer (0.2pm). Also the 
contrast of the dark area was much less pronounced and the precipitates 
were straight. Typical areas containing precipitates of this morphology are 
given in figure 4.20, Position C.
Typical EDX analyses of these precipitates are given in Table 4. 15. The 
peak hardness of 75kg/mm3 occured after 100 hours at 400*C.
4.2 The Al-1.6wt%Hf Alloy HPGA Powders 
4. 2. 1 As atomised Powders
The Al~1.6wt%Hf alloy (alloy Al in Table 3. 1) was atomised by HPGA as 
described in chapter 3. The size distribution of the atomised powder is 
given in figure 4.22a and the mass median diameter was 21.2pm (Table 3,3). 
All particles were spherical confirming that solidification took place in 
free flight. Satellites (<10pm) were observed on the larger particles 
(>50pm). Sectioning and etching the particles revealed a-Al cellular 
structures for the sub 45pm fraction (figure 4.23). No primary 
intermetallics were observed within these structures and X-ray diffraction 
revealed only the fundamental fee a-Al phase. Under the TEM particles of
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sub. 45pm diameter revealed either featureless or oc-Al cellular structures 
with a cell size of l-2pm in diameter. No primary lntermetallics were 
observed in the cellular sections.
4. 2. 2 As Consolidated Powders
The Al-1.6wt%Hf alloy powders were canned, degassed and consolidated by 
extrusion as discussed in §3.10, Following consolidation, TEM discs were 
prepared from the alloy (see §3.7.3) by sectioning in both the transverse 
and longitudinal directions. In the longitudinal sections the elongated 
grains had an aspect ratio of -50. In the transverse sections the grain 
size was 1.1pm (figure 4.24). In both longitudinal and transverse sections 
there was evidence of grain boundary precipitation. Subsequent EDX analysis 
showed these precipitates to be rich in Fe and Cu. No primary Al3Hf 
intermetallics were observed within the grains, The elongation to failure 
was 22. 1% with a yield strength (cry ) of 128MPa and an ultimate tensile 
strength (UTS) of 142MPa. The hardness of the material was 49.lKg/mm3.
4.2.3 Powders Aged at 300*C
The consolidated alloy powders were aged at 300*C for up to 1000 hours. 
The tensile properties are given in Table 4.16. After 1000 hours the UTS 
increased from 142 to 159MPa (figure 4.25), and the cry increased from 128 
to 142MPa (figure 4.26). The elongation to failure after 1000 hours showed 
little change from 22. 1 to 21.0% (figure 4.27).
The hardness of the alloy showed a similar trend to that of the tensile 
properties. The peak hardness of 56.6Kg/mm3 was reached after 1000 hours 
(figure 4.28). After 10 hours at 300*C, isolated Ll2 Al3Hf precipitates 
were observed within the a-Al matrix. These appeared in the form of 
discontinuous and continuous precipitates (figure 4.29). Ageing for longer
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times encouraged further precipitation of the metastable phase and 
coarsening of the existing precipitates. After 1000 hours, the average 
grain size of the alloy was 1, 3pm.
Table 4. 17 gives the yield strength, hardness and micro-hardness data 
for the Al-1. 6wt%Hf alloy aged at 300*C. Typical foil thicknesses are given 
in Table 4. 18 and the average precipitate size in Table 4. 19 and figure 
4. 30.
4. 2. 4 Powders Aged at 400*C
The tensile properties are given in Table 4.20. After 1000 hours the 
UTS increased from 142 to 164MPa (figure 4.25) and the cry increased from 
128 to 13£MPa (figure 4.26). The elongation to failure showed little change 
from 22.1 to 21.0% after 1000 hours (figure 4.27).
The alloy hardness decreased linearly from 46 to 41Kg/mm2 after ageing for 
10 hours. Upon further ageing the hardness increased to 54Kg/mm2 after 1000 
hours (figure 4.28). After 10 hours continuous spherical precipitates were 
observed within the a-Al matrix. The size of these precipitates was, on 
average, 5-10nm. In additon to the spherical precipitates, *20% of the 
filamentary precipitates were also present. Both types of precipitates were 
identified as the metastable Ll2 Al3Hf phase (figure 4.31). Upon further 
ageing the average precipitate size and the volume fraction of precipitates 
increased to r=4. 46xl0~3m and f=0.019.
Table 4, 17 gives the yield strength, hardness and micro-hardness data 
for the Al-1.6wt%Hf alloy aged at 400°C. Typical foil thicknesses are given 
in Table 4. 18 and the average precipitate size in Table 4. 19 and figure 
4. 30.
After mechanical testing, thin foils showed evidence of interactions 
between the precipitates and dislocations. Using weak beam imaging,
dislocation loops were imaged around the Ll2 Al3Hf precipitates. This is 
shown in figure 4.32,
4.2.5 Powders Aged at 500*C.
The tensile properties are given in Table 4.21. After 1000 hours the 
UTS decreased from 142 to 112MPa (figure 4.25) and the cry which decreased 
from 128 to 94MPa (figure 4.26). The elongation to failure remained 
constant at ^24% (figure 4.27). The alloy hardness decreased from 46 to 
31. 5Kg/mm3 after 100 hours at 500‘C (figure 4.28). After 10 hours at 500’C, 
fine spherical Ll2 Al3Hf precipitates were observed. These transformed to 
small irregular equilibrium precipitates after 100 hours, (figure 4.33).
The alloy grain size increased to >5pm during ageing at 500*C, After 1000 
hours only large equilibrium particles were present within the martix 
(figure 4.34).
4. 3 Al-2. 25wt%Li Alloy HPGA Powders
4.3.1 As Atomised and Consolidated Powders
The Al-Li alloy (alloy A2 in Table 3.1) was atomised as discussed in 
chapter 3. The mass median powder size is given in Table 3.3. The powder 
size distribution is given in figure 4.22b. The average particle shape was 
spherical with the larger particles (>50pm) containing satellites, Optical 
microscopy revealed a-Al cells in the sections of particles larger than 3pm 
in diameter. The cell size was dependent on the particle size (figure 
4. 35).
The alloy powders were canned, degassed and consolidated by extrusion 
as described in section 3. 11. TEM specimens were prepared in both 
longitudinal and transverse directions. No primary intermetallics (Ll2
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A13L1 (S') or S) were observed within the a-Al grains. The tensile 
properties are given in Tables 4.22 and 4.23.
4. 3. 2 Aged Al-2. 25wt%Li Alloy Powders
The alloy was solution treated at 450“C for two different times, 30mins 
(designated A2a) and 2hrs (designated A2b). Following the solution 
treatment the alloy was water quenched and aged at 190*C. The two alloy 
conditions exhibited a similar response to the heat treatment for both 
mechanical properties and microstructure. Peak strength was achieved after 
lOhrs (see Tables 4.22 and 4,23 and figure 4.36 and 4.37). The variation of 
hardness with ageing time exhibited a similar trend to the mechanical 
properties and the elongation to failure decreased linearly with ageing 
(see figure 4.38). TEM studies revealed the formation of the Ll2 Al3Li 
(6') phase after lOhrs at 190*0 (see figure 4.40). Even after prolonged 
ageing, the equilibrium phase was not observed within the microstructure. 
The change in density with ageing time is shown in figure 4.39.
4.4 Al-Li-Hf Alloy HPGA Powders
4.4.1 Introduction
Four Al-Li-Hf alloys were atomised by HPGA (alloys A3-A6 in Table 3. 1). 
The composition of each alloy is given in Table 3. 1. Most of the 
experimental work on the evaluation of the tensile properties and 
microstructural analysis concentrated on alloys A5 and A6.
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4. 4. 2 As atomised powder.
The Al-Li-Hf alloys were atomised as discussed in chapter 3. The powder 
size distributions for each alloy are shown in figures 4.22c-4.22f. The 
mass median powder diameter of each alloy is given in Table 3.3. Particles 
with a diameter less than 100pm were spherical whilst those with a diameter 
greater than 100pm tended to be elliptical in shape. Satellites were 
observed on the larger particles of all four alloys. Powders of the sub 
45pm fraction of all four alloys had an a-Al cellular structures with no 
primary intermetallics (figure 4.41). Thin sections of the powders were 
prepared for transmission electron microscopy using two techniques, copper 
plating and microtoming (see also §3.7). For the smallest particles (<3pm) 
the microtomed sections revealed featureless microstructures (figure 4.42). 
Larger particles (3-10pm) were unstable in the electron beam and artifacts 
were introduced during microtoming onto the surface of the thinned 
sections. For the larger particles OlOpm) the thin sections had 
featureless or a-Al cellular structures (figure 4.43). The average a~Al 
cell size was l-2pm and EDX spot analysis across the cells showed that 
increasing Hf concentration resulted in a deviation from the equilibrium 
partition coefficient (figure 4.44 and Table 4.24). No primary 
intermetallics were observed in the a-Al cellular structures and SADP 
revealed only the a-Al phase.
4. 4. 3 As consolidated Powders
The powders were canned, degassed and consolidated by extrusion as 
described in section 3.11. TEM specimens were prepared from the transverse 
and longitudinal sections, In the transverse direction the grain size was 
fine. The measured grain sizes are given in Table 4,25. Due to the nature
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of the thinning process (see §3.7.3), the specimen thickness was uneven 
within individual specimens and the thickness also varied between 
specimens. No primary intermetallics were observed within the a-Al grains 
and selected area diffraction revealed only the fee a-Al phase. The tensile 
properties, hardness and density for each alloy are given in Tables 4.26 - 
4. 29. Alloys A5 and A6, which have the highest Li content gave the largest 
reduction in density and the best UTS of 343 and 316MPa respectively. The 
elongation to failure of alloys A5 and A6 was lower than that of the two 
dilute alloys (alloys A3,A4),
4. 4. 4 Solution treatment of the Consolidated Powders
In conventional Al-Li based alloys, a solution treatment in the 
temperature range 450-540*C is performed to resolutionise any lithium which 
is in the form of precipitates (6 or 8'). A correct solution treatment can 
produce an enforced supersaturated solid solution of a-Al. In section 2.7.8 
it was discussed that for Al-Li-TM alloys (where TM=Zr or Hf) the high 
temperature phase which has been designated as Al3LixTM1_x or a' formed 
during solution treatment in the temperature range 450-540*C. It was also 
suggested that it is this phase which leads to increased microstructural 
stability and which controls the strength of the alloy.
The four Al-Li-Hf alloys (alloys A3-A6 in Table 3, 1) were subjected to 
a solution heat treatment at 450*C to allow any such high temperature phase 
to form. The response of the microstructure was monitored by measuring the 
Vickers hardness (see §3.9). The response of alloys A4, A5 and A6 was 
similar and so will be treated together. Alloy A3 gave different results 
which will be discussed separately.
The hardness results for alloys A4, A5 and A6 are given in Tables 4.31, 
4.32 and 4.33 respectively. For alloy A5 the peak hardness (132. SKg/mm2)
was reached after 2 hours and after 24 hours the hardness had fallen quite 
dramatically to the value of 92. lKg/mm3 (see figure 4.45). After the 2 hour 
heat treatment copious precipitation of t'he spherical Ll2 Al3Hf 
precipitates had occured. Their typical size was l-20nm (Figure 4. 46).
These precipitates showed an inhomogeneous distribution as shown in figure 
4.47. In addition to the spherical Ll2 Al3Hf precipitates, a grain boundary 
type precipitation reaction was observed. Filaments of -10nm width with 
lengths of the order of 0. 5pm were observed in ^50% of the a-Al grains. 
Selected area diffraction of these precipitates confirmed.that they were 
the Ll;2 AlaHf phase (figure 4.48). During solution treatment at 450°C, 
alloys A4 and A6 behaved in a similar manner. Alloy A6 reached peak 
hardness after 4 hours (133Kg/mm3) the same time as for alloy A4. Only a 
slight increase in hardness was obtained for alloys A4 and A6 for longer 
solution treatment times (see figure 4.45). Figures 4.47 and 4.48 are 
representltive of the microstructures of alloys A4 and A6.
Prolonged heat treatment at high temperatures can lead to extensive 
loss of lithium from the matrix. For the subsequent work it was therefore 
decided to solution treat alloys A4, A5 and A6 for 2 hours to achieve the 
maximum strengthening effect whilst at the same time minimising any loss of 
lithium.
Several other microstructural features were also observed, In addition 
to the fine filaments, larger precipitates were also observed (figure 
4.49). The branches of some of these precipitates appeared as a 'pool1 
suggesting that these may have coarsened quite considerably (figure 4.50). 
In addition to the grain boundary type reaction, continuous spherical 
precipitates were also observed within the grains. Occasionally, both types 
of precipitation were observed in the same grain, Figures 4.51 shows that 
whilst precipitation may occur together, continuous precipitates were not
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seen surrounding the discontinuous precipitates, although occasionally, 
continuous and discontinuous precipitates were observed in adjacent grains. 
Weak beam imaging of alloy A5 after 2hrs at 450*C revealed the presence of 
dislocation loops around the a'<Hf) precipitates (see figure 4.52). Table 
4.34 and figure 4.53 give the average precipitate size for alloys A5 and 
A6.
The solution treatment of alloy A3 resulted in a loss of strength (See 
Table 4.30 and figure 4,45). Microstructural studies of this alloy showed 
the absence of the high tempereature a' phase and also substantial grain 
growth OlOpm). To minimise the loss of strength, it was decided to 
solution treat alloy A3 only for 30 minutes.
4. 4. 5 Ageing of the Consolidated Powders
As discussed in the previous section alloys A4,A5 and A6 were solution 
treated at 450*0 for 2 hours, water quenched and then aged. Alloy A3 was 
solution treated at the same temperature for 30 minutes to minimise the 
loss of strength. All alloys were then aged at 190*C for up to 1000 hours. 
The tensile properties of the alloys were evaluated and their 
microstructures were studied by TEM. The tensile properties, hardness and 
density of these alloys are given in Tables 4.23-4.26. The precipitation 
sequence for alloys A4, A5 and A6 was similar and so it will be considered 
first. Alloy A3 responded differently to the ageing treatment.
The Al-2. 2wt%Li-l. 23wt%Hf Alloy (Alloy A5)
After ageing the alloy for 1 hour the UTS increased from 343 to 460MPa. 
(figure 4.36) Similar improvements was noted for <ry which increased from 
295 to 416MPa (figure 4.37), This Increase in strength was accomplaned by a
decrease in ductility from 7.5% to 4.9% over the same period, (figure 4.38) 
Both UTS and cry decreased linearly upon further ageing up to 100 hrs. After 
100 hours no further reduction in strength was noted. The density of this 
alloy increased with time from 2, 46g/cm3 (as extruded) to 2.57g/cm3 after 
1000 hrs (figure 4.39).
The Al-2. 64wt%Li-l. 6wt%Hf Alloy (Alloy A6)
This alloy did not reach peak strength until after 100 hours at 190°C. The 
UTS increased from 316MPa (as extruded) to 414MPa (after 100 hrs) before 
falling to 380MPa after 1000 hrs (figure 4.36). Similar improvements were 
noted for the yield strength and hardness (figure 4.37). The ductility was 
reduced from 11.0% (as extruded) to 6.3% after 1 hr at 190*C, After 1000 
hrs, the ductility was 3.4% (figure 4.37). As with alloy A5, the density of 
this alloy (A6) Increased with ageing time from 2. 44g/cm3 to 2. 54g/cm3 
after lOOOhrs (figure 4.38).
Al-1. 96wt%Li-l. 0wt%Hf Alloy (Alloy A4)
This alloy reached peak tensile strength (317MPa) after 10 hrs at 
190#C. Further ageing reduced the UTS to 305MPa after 1000 hrs (figure 
4.36). Hardness and yield strength showed a similar trend (figure 4.37).
The ductility was reduced from 10.9% (as extruded) to 6.3% after 1000 hrs 
(figure 4.38). The density increased with ageing although the increase was 
less pronounced when compared with alloys A5 and A6 (figure 4.39).
The increase in strength for alloys A4, A5 and A6 was attributed to the 
precipitation of 5'. After 1 hr 6' precipitates were observed on the
a'/matrix interface (figure 4.54). The ot' did not image in dark field 
giving structures which have been refered to as composite precipitates 
(Makin and Ralph, 1985). Two morphologies of the composite oc'/5' 
precipitate were observed. These were related to the original formation of 
the a' phase, ie. the continuous and discontinuous precipitates. Continuous 
composite precipitates were observed within the grains (figure 4.55). Dark 
field Imaging of these precipitates confirmed that the core size was 
similar to that observed after the 2 hr solution treatment (see §4.4.4) and 
that the shell thickness depended on the core diameter. The overall size of 
these composite precipitates was l-20nm and their distribution was 
inhomogeneous as expected from the original inhomogeneous distribution of 
the a' core precipitates. Occasionally, elliptical continuous composite 
precipitates were observed which, apart from their shape, were identical L& 
the spherical composite precipitates (figure 4.56). The discontinuous a' 
precipitates observed after the 2 hr solution treatment (see §4.4.4) were 
again observed in the aged condition (figure 4.57). After 1 hr at 190*0, S' 
again nucleated on the a'/matrix interface although the 5' envelopes on the 
continuous precipitates were not completed.
After 10 hrs at 190*0, S' alone started to nucleate and grow in the 
matrix (figure 4.58). The precipitate size was small (l-10nm) and the 
precipitates were spherical in shape. Interparticle spacing was in the 
range 5~20nm. In addition to the 5' forming in the matrix, coarsening of 
the composite precipitates was also observed (figure 4.58). The core size 
remained constant for both elliptical and spherical precipitates with the 
shell thickness increasing. The latter was also observed In the 
discontinuous composite precipitates,
After 100 hours, the shell thickness of the composite precipitates
(both elliptical and spherical) had increased at the expense of the volume 
fraction of the 5' in the matrix which had decreased (Figure 4.59),
The A1~0. 91wt%Li-0. 63wt%Hf Alloy (Alloy A3)
During ageing the 5' was formed. However since the high temperature a' 
phase was absent (see §4.4,4), the 5' formed only in the matrix (figure 
4.60). The tensile strength of the alloy decreased during ageing from 169 
to 145MPa (see figure 4.36) and the alloy retained its high elongation to 
failure of 13.3% (as extruded) to 12.6% (after 1000 hrs) (see figure 4.38).
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Table 4.1; Micro-hardness, grain size and lattice parameter 
for the wedge cast Al-Hf alloys
Hf Cone. Lattice Parameter Microhardness Grain Size
wt% at% (A) (Kgmm--3) (jm)
0 0 4. 0494±0. 0009 32. 1 + 6. 1 480+12,5
0. 34 0. 05 4.0497 + 0. 0008 37. 6 + 4. 2 450+20.4
0. 50 0. 08 4. 0499+0. 0008 41. 1 + 4. 8 390+10.6
0. 70 0. 11 4.0498+0. 0006 45. 4 + 9. 2 420115.0
1. 04 0. 16 4.0499 + 0. 0010 47. 7+8. 7 430+31.4
1, 48 0. 23 4.0506+0. 0013 56. 9 + 3. 6 40017.6
1. 77 0, 27 4.0497±0. 0006 63. 3±7. 9 250+10.1
2. 08 0, 32 4.0500+0. 0007 82. 3±8, 1 4. 610. 3
3. 07 0. 48 4. 0502±0. 0004 92. 2±6. 1 4. 111. 1
3. 27 0. 51 4. 0499+0. 0003 87. 417. 4 3. 910. 4
4. 37 0, 69 4.0501±0. 0008 88. 6i8. 9 4. HI. 6
Table 4.2: X-ray diffraction data of the Ll2 Al3Hf and a-Al phases in the 
wedge cast Al-4. 37%Hf alloy. (Wedge thickness = 1.6mm)
Calculated
Observed L l2 Al3Hf FCC a-Al
d (A) I h k 1 I/IC03 I • I C O  3
4. 05 W 1 0 0 17 _
2. 86 W 1 1 0 11 _
2. 34 VS 1 1 1 100 100
2. 03 S 2 0 0 41 47
1. 81 VW 2 1 0 6 -
1, 65 VW 2 1 1 4 -
1. 43 s 2 2 0 21 22
1. 35 - 3 0 0 3 -
1. 22 VW 3 1 1 2 -
1. 17 s 2 2 2 22 7
1. 12 VW 3 2 0 7 -
1, 08 - 3 2 1 1 -
1. 01 VW 4 0 0 3 2
0, 98 VW 4 1 0 3 -
0. 95 VW 3 3 0 2 -
0. 93 VW 3 3 1 2 8
0. 91 w 4 2 0 13 8
0. 83 w 4 2 2 12 8
0. 78 w 3 3 3 3
I - Intensity 
VS - Very Strong S - Strong
W - Weak VW - Very Weak
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Table 4.3: X-ray diffraction of the D023 Al3Hf and a-Al phases in the
wedge cast Al-2. 08wt%Hf alloy (Wedge thickness = 12mm).
Calculated
Observed D023 Al3Hf FCC a-Al
d (A) I h k 1 d (A) I/1 con I/Icon
4. 25 VW 0 0 4 4. 25 50 -
3. 91 W 1 0 1 3. 86 60 -
3. 27 VW 1 0 3 3. 25 50 -
2. 81 w 1 1 0 2. 81 60 -
2. 61 w 1 0 5 2. 59 60 -
2. 33 vs 114/111 2. 35 100 100
2. 14 VW 0 0 8 2. 14 50 -
2, 02 w 2 0 0 1. 99 60 47
1. 81 VW 2 0 4- 1. 81 50 -
1. 77 VW 2 1 1 1. 77 50 -
1, 71 VW 2 1 3 1.71 50 -
1. 58 VW 2 1 5 1. 58 50 -
1. 43 s 208/220 1. 44 30 22
1. 30 w 2 1 9 1, 30 60 -
1. 27 s 1 1 2 1. 27 80 -
1. 25 VW 1 0  3 1. 25 50 -
1. 22 vs 314/311 1. 21 100 24
1, 17 VW 307/222 1. 17 20 7
Table 4.4; EDX analysis across a single cell in the wedge 
cast Al-1. 77wt%Hf alloy (See figure 4.7b).
Position at% Hf
Cell boundary 1. 3
1 1. 3
2 1. 8
Cell centre 2. 0
3 1. 6
4 1. 4
Cell boundary 1. 3
Table 4.5: EDX analysis of the precipitates in figure 4.7a
Ppt No. at% Fe at% Cu at %Hf
1 1. 6 4. 1 0. 1
2 1. 9 4. 8 0. 4
3 2. 4 5. 1 0. 2
4 2, 1 3. 9 0. 2
Average 2. 0 4. 5 0. 2
-135-
Table 4.6: EDX analysis across the bright zone of 
the intermetallic shown in figure 4.10b
Position at% Hf
1 20. 1
2 8. 4
3 1. 1
4 0. 8
5 3. 9
6 3. 9
Table 4.7: EDX analysis of the dark centre in precipitates 
like the one shown in figure 4.11
Ppt. No at% Hf at% Zr
1 14. 8 3. 2
2 18. 0 3. 2
3 21. 0 2, 0
4 16. 4 3. 2
5 21. 0 1. 3
Average 18. 4 2. 6
Table 4.8: EDX analysis across the precipitates like those shown 
in figures 4. 11 and 4. 12 (See also figure 4. 13)
Position at7# Hf
Fig. 4.11 Fig, 4. 12
1 1. 4 2. 4
2 6. 3 6. 2
3 9. 2 8. 4
4 22. 4 9. 8
5 12. 1 7. 6
6 4. 2 5. 1
7 0. 9 2. 1
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Table 4.9: EDX analysis of the epherulites shown in figure 4.14
Ppt No. at% Zr at% Hf
1 4. 8 0. 6
2 5. 1 0. 2
3 6. 2 0. 9
4 4. 9 0. 7
5 4. 2 0. 3
Average 5. 0 0. 5
Matrix 0. 5 1. 2
Table 4.10: EDX analysis of the plate-like precipitates like 
those shown in figure 4.6b
Ppt No. at% Hf
1 59. 6
1 45. 1
1 57. 9
2 52. 6
2 65. 9
Average 56. 2
i
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Table 4. 11.* X-ray diffraction data of the Ll2 Al3Hf and a-Al phases in the
Al-0. 32wt%Hf alloy wedge, aged at 400*C for 500 hrs.
Observed
Calculated 
Li2 Al3Hf FCC a-Al
d (A) I h k 1 I / I  C O ] I / I  C O ]
4. 05 W 1 0 0 17 _
2. 86 W 1 1 0 11 -
2. 34 VS 1 1 1 100 100
2. 03 S 2 0 0 41 47
2 1 0 6 -
2 1 1 4 -
1. 43 S 2 2 0 21 22
3 0 0 3 -
3 1 1 2 -
1. 17 S 2 2 2 22 7
3 2 0 7 -
3 2 1 1 -
1. 01 VW 4 0 0 3 2
4 1 0 3 -
3 3 0 2 -
0. 93 VW 3 3 1 2 8
0, 91 W 4 2 0 13 8
0. 83 W 4 2 2 12 8
0. 78 W 3 3 3 3
Table 4.12: EDX analysis of the precipitates shown in figure
Ppt No. at% Fe at% Cu at% Hf
1 8. 6 1. 2 0. 5
2 11. 8 1, 7 0. 8
3 9, 3 6. 9 0, 7
4 6. 1 3, 5 0, 4
Average 8. 9 3. 5 0. 6
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Table 4. 13: X-ray diffraction of the Ll= Al3Hf and a-Al phases in the
Al-0.50wt%Hf alloy wedge, aged at 400*C for 200 hrs,
Observed
Calculated 
Ll2 Al3Hf FCC a-Al
d (A) I h k 1 I/Icod I/IC03
4. 05 W 1 0 0 17 -
2. 86 W 1 1 0 11 -
2. 34 VS 1 1 1 100 100
2. 03 s 2 0 0 41 47
2 1 0 6 -
2 1 1 4 -
1, 43 s 2 2 0 21 22
3 0 0 3 -
3 1 1 2 -
1. 17 S 2 2 2 22 7
3 2 0 7 -
3 2 1 1 -
1. 01 VW 4 0 0 3 2
4 1 0 3 -
3 3 0 2 -
0, 93 VW 3 3 1 2 8
0. 91 W 4 2 0 13 8
0. 83 W 4 2 2 12 8
0. 78 W 3 3 3 3
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Table 4-. 14: X~ray diffraction data of the Ll2 AlaHf and a-Al phases in the
Al-1.04wt%Hf alloy wedge, aged at 400*0 for 100 hrs.
Observed
Calculated 
Lla AlsHf FCC a-Al
d (A) I h k 1 I/Icon 1/1c o 3
4. 05 W 1 0 0 17 _
2. 86 W 1 1 0 11 -
2. 34 VS 1 1 1 100 100
2. 03 S 2 0 0 41 47
2 1 0 6 -
1. 81 VW 2 1 1 4 -
1. 43 S 2 2 0 21 22
3 0 0 3 -
3 1 1 2 -
1. 17 S 2 2 2 22 7
1. 12 VW 3 2 0 7 -
3 2 1 1 -
1. 01 VW 4 0 0 3 2
4 1 0 3 -
3 3 0 2 -
0. 93 VW 3 3 1 2 8
0. 91 W 4 2 0 13 8
0. 83 W 4 2 2 12 8
0. 78 W 3 3 3 3
Table 4.15: EDX analysis of precipitates in figure 4.20
Ppt No. at% Hf
1 1. 1
2 1. 4
3 1. 6
4 0. 9
5 1. 0
Average 1. 2
Table 4. 16: Tensile properties of the Al-1. 6wt%Hf a!
powders aged at 300 *C
Property 1 As Time (Hours)
1 Extruded 1 10 100 1000
<jy (MPa) 1 128 127 136 136 142
UTS (MPa) 1 142 142 148 152 159
% Elongation 1 22. 1 22. 0 21.3 22.1 21. 0
Hv (Kg/nun3) 1 49. 1 43. 1 49. 6 46. 7 56. 6
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Table 4. 17: Yield strength, hardness (Hv> and microhardness (pH) 
of the Al-1. 6wt%Hf alloy
Alloy Condition crv (MPa) Hv (Kg/mm2 ) pH (Kg/mm2 )
As Extruded 128 49. 1 44. 2
300"C / 1 Hr 127 43. 1 46. 1
300°C / 10 Hrs 136 49. 6 54. 1
300 CC I 100 Hrs 136 46, 7 39, 7
300*C / 1000 Hrs 142 56. 6 54. 2
400°C / 1 Hr 126 44. 5 47, 6
400 *C / 10 Hrs 116 42. 3 41. 4
400*C / 100 Hrs 130 44. 7 39. 3
400°C / 1000 Hrs 132 52. 6 59. 1
500 *C / 1 Hr 114 43. 7 31. 3
500 *C / 10 Hrs 104 37. 9 36. 2
5004C / 100 Hrs 92 31, 6 39. . 1
500*C / 1000 Hrs 84 30. 5 41. 4
Table 4.18: Typical thickness of TEM foils of the Al-1.6wt%Hf alloy
Time / Temp. 
(Hrs) (*C)
Average specimen thickness 
(nm)
100 / 300 130
100 / 400 84
1000 / 300 112
1000 / 400 141
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Table 4.19: Results of the quantiment image analysis of 
precipitates in the Al-1.6wt%Hf alloy
Ppt size 
nm
I Aged 
1 100
at 400°C 
I 1000
I Aged 
1 100
at 300*C 
I 1000
1-2 65 70 51 81
3-4 141 91 81 101
5-6 164 97 141 114
7-8 180 181 190 171
9-10 110 153 141 ' 146
11-12 78 100 104 92
13-14 58 102 99 75
15-16 52 74 53 63
17-18 26 49 41 64
19-20 27 25 20 31
21-22 15 7 7 12
23-24 4 2 10 17
25-26 3 1 4 6
27-28 1 - 1 -
29-30 - _ 2 -
31-32 1 1 - 1
33-34 1 2 - 2
35-36 - - - -
37-38 1 1 1 1
39-40 - - - -
TOTAL 929 956 910 973
x (nm) 9. 09 10. 06 9. 82 10. 21
Table 4.20: Tensile properties of the Al-1.6wt%Hf alloy 
powders aged at 400*C
Property 1 
1
As
Extruded 1
Time
10
(Hours)
100 1000
ov (MPa) 1 128 126 126 130 132
UTS (MPa) 1 142 138 144 151 164
% Elongation 1 22. 1 24. 2 16. 9 20. 3 20. 1
Hv (Kg/mm3) 1 49. 1 44. 5 42. 3 44. 7 52, 6
Table 4.21: Tensile properties of the Al~1.6wt%Hf alloy 
powders aged at 500*C
Property 1 
1
As
Extruded 1
Time
10
(Hours)
100 1000
oy (MPa) 1 128 114 104 92 84
UTS (MPa) 1 142 134 132 120 112
% Elongation 1 22. 1 25. 8 26. 0 23. 1 27. 0
Hv (Kg/mm3)' 1 49. 1 43. 7 37. 9 31. 6 30. 5
Table 4.22: Tensile properties of the Al-2. 25wt%Li alloy
powders solution treated at 450°C for 30 mins, water 
quenched and aged at 190*C
Property As
Extruded 1
Time
10
(Hours)
100 1000
oy (MPa) 152 184 189 137 131
UTS (MPa) 205 254 263 198 171
% Elongation 13. 9 12. 1 11, 4 9. 4 9. 3
Hv (Kg/mm3) 53. 5 62. 1 63. 2 58. 5 56. 7
p (g/cm3) 2. 44 2. 46 2, 49 2. 50 2. 56
Table 4.23: Tensile properties of the Al-2. 25wt%Li alloy
powders solution treated at 450*C for 2 hrs, water 
quenched and aged at 190’C
Property As
Extruded 1
Time
10
(Hours)
100 1000
oy (MPa) 152 176 180 131 122
UTS (MPa) 205 243 251 188 186
% Elongation 13. 9 11. 9 11. 5 10. 3 8, 8
Hv (Kg/mm3) 53. 5 58. 1 59. 2 57. 2 54. 1
p (g/cm3 ) 2. 44 2. 46 2. 48 2. 51 2. 55
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Table 4.24: Variation in Hf content across a-Al cells in Al-Li-Hf alloy 
powders (alloys A3-A6, see Table 3.1)
Analysis Hf Concentrat ion (at%)
Posit ion A3 A4 A5 A6
1 0. 51 0. 54 0, 52 0. 50
2 0. 55 0. 59 0. 68 1.02
3 0. 62 0. 84 0. 74 1. 20
4 0. 61 1. 10 0. 91 1. 40
5 0. 67 1. 04 0. 88 1. 10
6 0. 56 0. 76 0. 82 0. 93
7 0. 55 0. 67 0. 48 0. 56
Table 4.25: Grain size of as extruded Al-Li-Hf alloy 
powders (alloys A3-A6, see Table 3, 1)
A3 A4 A5 A6
Grain Size (pm) 0. 90 0. 87 0. 70 0. 76
Table 4.26: Tensile properties for the Al-0. 91wt%Li-0. 63wt%Hf alloy powders 
(alloy A3), solution treated at 450*C for 30 mins, water 
quenched and aged at 190*C
Property I As extruded 1 10 100 1000
ay (MPa) | 189 164 144 148 145
UTS (MPa) | 221 200 193 189 189
% Elongation! 13, 3 12. 1 13. 2 13. 3 12. 6
Hv (Kg/mm3) | 68. 5 60. 3 59. 3 57. 9 57. 1
p (g/cm3) | 2. 61 2. 61 2, 61 2. 62 2. 63
Table 4.. 27: Tensile properties for the Al-1. 96wt%Li~l. 0wt%Hf alloy powders 
(alloy A4), solution treated at 450°C for 2 hrs, water 
quenched and aged at 190*C
Property | As extruded 1 10 100 1000
cry (MPa) | 229 258 273 234 241
UTS (MPa) I 275 311 317 304 305
% Elongationl 10. 9 9. 1 7. 8 6. 8 6. 3
Hv (Kg/mm3) I 86. 7 92. 1 96. 8 91. 2 89. 9
p (g/cm3) I 2. 51 2. 53 2. 55 2, 55 2, 58
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Table 4.28: Tensile properties for the Al-2.2wt%Li-l. 23wt%Hf alloy powders 
(alloy A5), solution treated at 450°C for 2 hrs, water 
quenched and aged at 190°C
Property I As extruded 1 10 100 1000
<jy (MPa) 1 295 416 372 349 341
UTS (MPa) | 343 460 433 403 405
% Elongation! 7. 5 4. 9 3. 3 4. 7 2. 8
Hv (Kg/mm2) 1 102. 8 133. 2 128. 6 122. 8 117. 7
p (g/cm3 ) | 2. 46 2. 475 2. 49 2. 51 2. 57
Table 4.29: Tensile properties for the Al-2. 64wt%Li-l. 6wt%Hf alloy powders 
(alloy A6), solution treated at 450*C for 2 hrs, water 
quenched and aged at 190°C
Property I As extruded 1 10 100 1000
ay (MPa) ! 277 356 383 383 361
UTS (MPa) | 316 391 411 414 380
% Elongation! 11. 0 6. 3 5, 4 3, 7 3. 4
Hv (Kg/mm2) I 94. 9 119. 1 123. 9 122. 7 117. 4
p (g/cm3 ) ( 2. 44 2. 45 2. 48 2. 51 2. 54
Table 4.30: Hardness data for the A10. 91wt%Li-0. 63wt%Hf
alloy powders (alloy A3) solution treated at 450*C
Time (hours) Hardness (kg/mm2)
0 68, 5±0. 60
0. 5 58. 9±0. 59
1 57. 1±0. 73
2 57. Oil, 20
3 55. 3±0. 57
4 54. 8±0. 56
5 54. 8±0. 56
10 53. 2±0. 91
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Table 4.31: Hardness data for the Al-1. 96wt%Li~l. 0wt%Hf
alloy powders (alloy A4) solution treated at 450*C
Time (hours) Hardness (kg/mm3)
0 86. 6±0. 70
0. 5 86.9+0.74
1 89. 7+0. 35
2 94. 4±0. 77
3 95. 3±0. 32
4 95. 8±2. 30
5 93. 9+1. 20
10 71. 4+1. 10
Table 4.32: Hardness data for the Al-2. 2wt%Li~l. 23wt%Hf
alloy powders (alloy A5) solution treated at 450 *C
Time (hours) Hardness (kg/mm3 )
0 102. 8± 1. 03
0. 5 128. 8+0. 99
1 131.0+0. 91
2 132. 8+1.28
5 124. 8+1. 70
10 115. 0+3. 20
24 92. 1±2. 34
Table 4.33: Hardness data for the A12. 64wt%Li-l. 6wt%Hf
alloy powders (alloy A6) solution treated at 450*C
Time (hours) Hardness (kg/mm3 )
0 94. 9+1. 11
1 116.3+2.38
2 124. 3+2. 68
3 131. 8± 1, 88
4 133. Oil. 00
5 130. 4±2. 16
10 128. 4± 1. 31
24 121.1±2.37
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Table 4.34: Results of the quantimet image analysis of precipitates in
the Al-2. 2wt%Li-1.23wt%Hf and Al-2. 64wt%Li-•1. 6wt%Hf alloys
Ppt. size Al-2.2wt%Li- 1. 23wt%Hf Al-2. 64wt%Li-l. 6wt%Hf
(nm) 450'C"- 190‘C* 450°C+ 190*C*
1-2 71 7 72 7
3-4 110 6 101 2
5-6 101 6 109 1
7-8 112 31 131 -
9-10 231 51 181 4
11-12 212 72 231 -
13-14 96 76 164 6
15-16 29 81 76 15
17-18 9 91 41 23
19-20 2 141 12 42
21-22 3 81 9 50
23-24 2 50 6 67
25-26 2 32 13 101
27-28 - 7 4 54
29-30 - 6 2 31
31-32 1 - 1 20
33-34 3 1 - 31
35-36 3 3 - 16
37-38 - 1 1 7
39-40 - 1 - 3
TOTAL 984 743 1063 480
x (nm) 9. 42 17. 34 10. 62 25. 16
+ - solution treated for 2h
* - solution treated for 2h, quenched and aged for lOh.
Figure 4.1: Optical micrograph showing large a-Al grains in 
Al-1. 48wt%Hf wedge
Figure 4.2: Optical micrograph of the Al-1. 48wt%Hf alloy showing Ll2 Al3Hf
intermetallics in a-Al at a wedge thickness of 9. 1mm
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Figure 4.3: Plot of grain size vs wedge thickness for Al-1. 48wt%Hf
5pm
Figure 4.4: Optical micrograph of the Al-2. 08wt%Hf alloy showing Ll2 Al3Hf
intermetallics at a wedge thickness of 1. 6mm
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( a )  1 0 0 0 3
-j4-- 1---1---1---1---1---<-- 1—i---1--
0 0.5 1 1.5 2 2.5 3 3.5 4 4.5
Hf Concentration (wt%)
*  This work  Hori et al (1981)
Figure 4.5: Plots of <a) grain size, <b> microhardness, and (c> lattice 
parameter vs Hf content for alloys W1-W10
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Figure 4.6a: Optical micrograph of the Al-4.37wt%Hf wedge showing the 
morphology of the equilibrium Al3Hf intermetallic
2pm
Figure 4.6b: TEM bright field image of equilibrium Al3Hf intermetallics 
in the Al-4. 37wt%Hf wedge
-151-
1 m
lpm
Figure 4.7a: TEM bright field image showing a-Al cells in the Al-1. 48wt%Hf 
wedge (wedge thickness 1. 6mm)
Figure 4.7b: Plot of Hf concentration across an a-Al cell shown in 
figure 4.7a (CB=cell boundary)
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Figure 4.8a: TEM bright field image showing Ll2 Al3Hf intermetallics in 
the Al-2. 08wt%Hf wedge
222
021
042
Figure 4.8b: SADP of the Ll2 Al3Hf intermetallic in figure 4.8a
-153-
lpm
Figure 4.9: TEM bright field image of Ll2 Al3Hf intermetal1ics in the 
Al-2. 08wt%Hf wedge
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Figure 4. 10b: EDX analysis across the bright zone of the precipitate 
shown above
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200nm
Figure 4.11: Montage of TEM bright field images of an Ll2 Al3Hf 
intermetallic in the Al-2. 08wt%Hf wedge
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Figure 4. 12: Montage of TEM bright field images of an elongated Ll2 Al3Hf 
intermetallic in the Al-2. 08wt%Hf wedge
Analysis Position
 Figure 4.11 Figure 4.12
Figure 4. 13: EDX analysis across precipitates in figures 4. 11 and 4. 12
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Figure 4.14: Diffraction pattern (inset) corresponding to the
Ll2 Al3Zr particles in the perifery of the precipitate 
shown in figure 4. 12
Ca) <b>
Figure 4. 15: Transmission electron micrographs showing elemental maps for 
(a) Al and (b) Hf from the extended solid solution of 
Al-1. 77wt%Hf
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Figure 4. 16: TEM bright field image showing a-Al cells in the Al-0. 32wt7#Hf 
wedge after 200hrs at 400*C
Figure 4. 17: TEM bright field image of Ll2 Al3Hf precipitates in the 
Al-0. 32wt%Hf wedge after 500hrs at 400*C
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Figure 4. 18: TEM bright field image of Ll2 Al3Hf precipitates in the 
Al-0. 50wt%Hf wedge aged at 400*C for 200hrs
2pm
Figure 4.19a: TEM bright field image showing the Ll2 Al3Hf
feather-like precipitates in the Al-1.04wt%Hf wedge aged 
at 400*C for lOOhrs
2pm
Figure 4.19b: TEM centred dark field [1003 image showing the Ll2 Al3Hf 
feather— like precipitates in the Al-1.04wt%Hf wedge aged 
at 400*C for lOOhrs
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Figure 4.20: Montage of TEM bright field images of the Ll2 Al3Hf 
precipitates in the Al-1.04wt%Hf wedge aged at 400*C 
for lOOhrs
-162-
Figure 4.21a: TEM bright field image showing a morphology of the Ll2 Al3Hf 
phase in the Al-1. 04wt%Hf wedge aged at 400*C for lOOhrs 
(see figure 4.20, position A)
Figure 4.21b: TEM bright field image showing a morphology of the Ll2 Al3Hf 
phase in the Al-1.04wt%Hf wedge aged at 400*C for lOOhrs 
(see figure 4.20, position B)
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Figure 4.21c: TEM bright field image showing a morphology of the Ll2 Al3Hf 
phase in the Al-1.04wt%Hf wedge aged at 400*C for lOOhrs 
(see figure 4,20, position C)
(a) (b)
Figure 4.22: Powder particle size distributions of (a) Al~1.6wt%Hf alloy
(b) Al-2. 25wt%Li alloy
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(c) <d>
<e> <f)
Figure 4.22: Powder particle size distributions of
(c) Al-O. 96wt%Li-0. 63wt%Hf, (d) Al-1. 96wt%Ll-l.Owt%Hf,
(e) Al-2. 2wt%Li-l. 23wt%Hf, and (f) Al-2. 64wt%Li-l.6wt%Hf
Figure 4.23: Optical micrograph showing a-Al cells in powders of the 
Al-1. 6wt%Hf alloy
lpm
Figure 4.24: TEM bright field image showing the grain size in the 
transverse section of the extruded Al-1.6wt%Hf alloy
-166-
170
Time (Hours)
1.6HI, 300G * 1.6Hf, 400C 1.6Hf, 500C
Figure 4.25: Plot of UTS vs ageing time for the Al-1.6wt%Hf alloy aged 
at 300*0, 400*C and 500*C
■m-  1.6Hf, 300C - + -  1.6Hf, 400C 1.6Hf, 500C
Figure 4.26: Plot of crv vs ageing time for the Al-1.6wt%Hf alloy aged
at 300*C, 400‘C and 500*C
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- X -  1.6Hf, 300C —«— 1.6Hf, 400C 1.6Hf, 500C
Figure 4.27: Plot of % elongation vs ageing time for the Al-1. 6wt%Hf alloy 
aged at 300*C, 400°C and 500°C
x -  1.6Hf, 300C - h— 1.6Hf, 400C 1.6Hf, 500C
Figure 4.28: Plot of hardness vs ageing time for the Al-1.6wt%Hf alloy aged
at 300°C, 400*C and 500*C
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50nm
Figure 4.29: TEM dark field C100] image showing Ll2 Al3Hf precipitates in 
the Al-1. 6wt%Hf alloy aged at 300‘C for lOOhrs
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Figure 4.30: Precipitate size distributions for the Al-1.6wt%Hf alloy 
(a) 300*C, lOOhrs (b) 300*C, lOOOhrs
(c) 400*C, lOOhrs (d) 400*C, lOOOhrs
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Figure 4.31: TEM bright field image showing Ll2 Al3Hf precipitates in the 
Al-1. 6wt%Hf alloy aged at 400‘C for lOOhrs
50nm
Figure 4.32: TEM weak beam till] image showing dislocation looping in the 
Al-1.6wt%Hf alloy aged at 400*C for lOOhrs
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Figure 4.33: TEM bright field image showing the transformation from Ll2 
Al3Hf intermetallic to the equilibrium D02;3 Al3Hf phase in 
the Al-1. 6wt%Hf alloy aged at 500*C for lOOhrs
Figure 4.34: TEM bright field image showing the equilibrium D023 Al3Hf 
phase in the Al-1. 6wt%Hf alloy aged at 500*C for lOOOhrs
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Figure 4.35: Optical micrograph showing a-Al cells in the powders of the 
Al-2. 25wt%Li alloy
2.25Li (B) —i— 2.25U (A) 1.96Li-1.0Hf
- e -  2.2U-1.23Hf 2.64Li-1.6Hf -A -  0.91Li-0.63Hf
Figure 4.36: Plot of UTS vs ageing time for alloys A2-A6, solution treated
at 450*C, water quenched and aged at 190*C
-173-
450
Time (Hours)
2.25Li (A) —«— 0.91 Li-0.63Hf -* 1.96U-1 .OHf
-a -  2.2LI-1.23Hf -x-2.64Li-1.6Hf 2.25U (B)
Figure 4.37: Plot of ov vs ageing time for alloys A2-A6, solution treated 
at 450*0, water quenched.and aged at 190*0
2.25Li (B) —»— 2.25Li (A) - x -  1.96U-1 .OHf
- a -  2.2U-1.23Hf x  2.64U-1.6Hf - A r -  0.96U-0.63Hf
Figure 4.38: Plot of % elongation vs ageing time for alloys A2-A6, solution
treated at 450*0, water quenched and aged at 190*0
-1 7 4 -
2.25U (B) —'— 2.25U (A) 1.96U-1 .OHf
2.2U-1.23Hf 2.64U-1.6Hf —A— 0.96U-0.63Hf
Figure 4.39: Plot of density vs ageing time for alloys A2-A6, solution
treated at 450*C, water quenched and aged at 190*C
Figure 4.40: TEM centred dark field t100] image of the Al-2. 25wt%Li alloy
solution treated at 450*C for 2hrs and aged at 190*C for lOhrs
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Figure 4.41: Optical micrograph of the Al-2. 64wt%Li-l. 6wt%Hf showing 
cellular solidification microstructures
2pm
Figure 4.42: TEM bright field image of ultramierotomed powder particles 
of the Al-2. 64wt%Li-l. 6wt%Hf alloy
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Figure 4.43: TEM bright field image showing a-Al cells in the Al-2. 2wt 
1. 23wt%Hf alloy
0.96U-0.63 — 1.96U-1 .OHf 2;2Li-1.23Hf - s -  2.64U-1.6Hf
Figure 4.44: EDX analysis across a-Al cells of alloys A3-A6
Figure 4.45: Plot of hardness vs time for alloys A3-A6, solution treated at 
450 *C
Figure 4.46: TEM bright field image of the L1-. Al3 (Li^Hf, (a ') phase in
the Al-2. 2wt%Li-l.23wt%Hf alloy solution treated at 450*C 
for 2hrs
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Figure 4.47: TEM centred dark field [100] image of the Ll2 Al3 (Li^Hf, _.*>
(a') phase in the Al-2. 2wt%Li-l. 23wt7#Hf alloy solution treated 
at 450*C for 2hrs
Figure 4.48: TEM bright field image of the Ll2 Al3 (Li^Hf, (a') phase in
the Al-2. 2wt%Li-l. 23wt%Hf alloy solution treated at 450*C
for 2hrs
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Figure 4.49: TEM bright field image of the Ll2 Al3(Li^Hf, _*> (a') phase in 
the Al-2. 64wt%Li-l. 6wt%Hf alloy solution treated at 450*C 
for 2hrs
Figure 4.50: TEM bright field image of the Ll2 Al3 (Li^Hf, (ot') phase in
the Al-2. 64wt%Li-l. 6wt%Hf alloy solution treated at 450*C
for 2hrs
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Figure 4.51: TEM bright field image of the Ll2 Al3 (Li.KHf, _^ ) (a') phase in 
the Al-2. 64wt%Li-1. 6wt%Hf alloy solution treated at 450*C 
for 2hrs
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Figure 4.52: TEM Weak beam till] image of the Al-2. 64wt%Li-l. 6wt%Hf alloy
after solution treatment at 450*C for 2hrs
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Figure 4.53: Precipitate size distributions for (a) Al-2. 2wt%Li-l. 23wt%Hf 
solution treated at 450*C for 2h, (b) Al-2. 2wt%Li-l. 23wt%Hf
aged at 190*C for lOh, Cc) Al-2.64wt%Li-l. 6wt%Hf solution 
treated at 450*C for 2h and <d> Al-2.64wt%Li-l. 6wt%Hf aged at 
190*C for lOh.
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%50nm
Figure 4.54: TEM centred dark field [100] image of a'/S' precipitates in
the Al-2. 64wt%Li-1. 6wt%Hf alloy solution treated at 450*C for 
2hrs and aged at 190*C for lOhrs
50nm
Figure 4.55: TEM centred dark field [100] image of a'/S' precipitates in
the Al-2. 64wt%Li-1. 6wt%Hf alloy solution treated at 450*C for
2hrs and aged at 190‘C for lOhrs
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Figure 4.56: TEM centred dark field [100] image of a '/S' precipitates in
the Al-2. 64wt%Li-1. 6wt%Hf alloy solution treated at 450*C for 
2hrs and aged at 190*C for lOhrs
50nm
Figure 4.57: TEM centred dark field [100] image of a'/S' precipitates in
the Al-2. 64wt%Li-l. 6wt%Hf alloy solution treated at 450*C for 
2hrs and aged at 190*C for lOhrs
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Figure 4.58: TEM centred dark field [100] image of a'/S' precipitates in
the Al-2. 64wt%Li-1. 6wt%Hf alloy solution treated at 450*C for 
2hrs and aged at 190*C for lOhrs
Figure 4.59: TEM centred dark field [100] image of a'/S' precipitates in
the Al-2. 64wt%Li-l. 6wt%Hf alloy solution treated at 450*C for
2hrs and aged at 190*C for lOOhrs
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50nm
Figure 4.60: TEM dark field [ 1003 image of 5' in the matrix of the
Al-0. 96wt%Li-0. 63wt%Hf alloy solution treated at 450*C for 
2hrs and aged at 190*C for lOhrs
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CHAPTER 5
5.1. 1 Lattice Parameter Measurements
The lattice parameter of dilute solid solutions in Al changes linearly as a 
function of atomic percentage for different solutes. Zr and Sc have been 
shown to expand the Al lattice (Jones, 1984). Additions of Hf to Al also 
increased the lattice parameter of a-Al by 0. 003A/wt%Hf (data in Table 4.1 
and figure 4.5c) which is higher than the rate of 0. 00125A/wt%Zr reported 
for Al-Zr alloys (Sahln, 1978). Measurements of the lattice parameter of a- 
Al in Al-Hf alloys have been reported by Mondolfo (1976) and Hori et al 
(1982a). Mondolfo used conventional casting techniques and recorded an 
Increase in lattice parameter up to a maximum of 4. 05lA at a composition of
1. 2wt%Hf. Hori on the other hand used chill casting in a water cooled 
copper mould and splat quenching and found that a linear relationship was 
obeyed up to 6wt%Hf giving a lattice parameter of 4. 052A at this 
composition. Data from this work is plotted in figure 4.5c and the data of 
Hori is given in figure 2.15. The present results, though with considerable 
scatter, fall on the linear relationship established by Hori and a 
departure from linearity is indicated at «2wt%Hf. The lattice parameter
measurement of Mondolfo does not agree with the present results and those
of Hori.
5.1.2 Extended Solid Solubility
In this work Hf increased the lattice parameter of a-Al up to 2wt%Hf
(0.3at%Hf) suggesting that this is the solid solubility limit of Hf in Al,
at a wedge thickness of 1.6mm, as defined by the present casting technique.
DISCUSSION OF EXPERIMENTAL RESULTS
5. 1 Chill Cast Al-Hf Alloys
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Thus Hf like Pd, Pt, Sc and Zr, all with the largest predicted negative 
heats of solution in Al, shows substitutional solid solubility extension by 
RS. The latter is lower than the maximum extended limits in Al of 2at%-9at% 
reported for first series transition metals, of lat%-7. 5at% for Zr, Mo, Ru 
and Pd in the second series and of 1, 9at% and 2.4at% for W and Pt in the 
third series (Jones, 1982), all achieved under RS conditions more severe 
than those used in this work. It has been suggested that some of the above 
extended solid solutions (e. g Al-Fe, Al-Ni) can be subjected to solute 
clustering (Furrer and Warlimont, 1973, Bonefacic, 1975) which limits their 
subsequent response to age hardening treatments.
For a cellular microstructure to be observed in the wedge cast of a hypo- 
peritectic alloy the bulk of the melt must be undercooled to the metastable 
a-Al liquldus or below it. It is possible to achieve this undercooling if: 
(a) no nucleant for the intermetallic phase becomes active during the 
cooling of the melt, or (b) nucleation of the intermetallic occurs but the 
external heat extraction rate is high and the growth rate of the 
intermetallic is low, such that recalescence is arrested. The number of 
intermetallics of large size is expected to be very small in this case.
Under Newtonian cooling conditions, the cooling rate in a slab of thickness 
z cooling from both sides is given (Jones, 1982) by,
dT/dt = 2(T-TA)h/(cz) (5,1)
In eq, (5. 1) TA is the temperature of the mould, c the specific heat of the 
melt and h the heat transfer coefficient which for liquid metal in contact 
with a polished mould is <4*103 Wm~2K_1 (Blloni, 1983). For the wedge
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shaped mould, where z varies from 20pm to 15mm, it is estimated that for an 
aluminium alloy melt poured at 1000*C, the cooling rate will vary from
1. 6x10s to 200 Ks"1.
The cooling rate in the wedge shape mould was also estimated by measuring 
the dendrite arm spacing (DAS), in a casting of the Al-4wt%Cu alloy
(Adkins, 1989). The DAS measurements were correlated to cooling rate using 
the empirical expression (Jones, 1982)
K j (dT/dt)173 = 50pm (K/s)173 (5.2)
determined for Al-Cu alloys over a wide range of cooling rates. Table 5. 1 
gives the DAS measurements in the tip region of the wedge of the Al-4Cu 
alloy and relates them to cooling rate. The final column gives the 
calculated cooling rate from eq. (5. 1). There is good agreement between the 
cooling rates estimated from DAS measurements and those calculated from 
eq. (5. 1).
Table 5.2 gives the measured critical thicknesses tcr>i.t of the wedge for 
the primary precipitation of the metastable and equilibrium Al3Hf 
precipitates as a function of alloy composition. The cooling rate required 
to suppress the primary precipitation of the intermetallic phases can be 
estimated by relating tc^ i-t from Table 5,2 to the calculated cooling rates 
given in Table 5.1. The cooling rate required to suppress the nucleatlon of 
the intermetallic phase increased with alloy composition until at 4. 37wt%Hf 
nucleatlon and growth of the intermetallic phases could not be suppressed 
even at the tip of the wedge (highest cooling rate).
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It is possible to estimate the average solidification front velocity that 
is sustainable by the heat transfer coefficient h*, by equating the latent 
heat released at temperature Tf during an incremental advance dx in 
solidification position x to the heat removed in a corresponding time 
increment dt. The front velocity, V, is then given (Jones, 1982) by the 
equat ion,
V = (Tf-TA)h1/Lr (5.3)
where L.r is the latent heat of fusion.
Under Newtonian cooling conditions eq. (5.3) gives a maximum sustainable 
velocity for castings of aluminium alloys in a wedge shaped mould of 
3mm s"'1• The front velocity may in fact be considerably higher than 3mms-1 
if the melt undercools prior to nucleation. The front will then grow into 
the undercooled melt with a high velocity until recalescence occurs and the 
solid/liquid interface velocity reverts to that sustainable by external 
heat extraction. If this final velocity is below that for absolute 
stability a cellular structure should be observed over part of the 
specimen.
Assuming that growth is occuring only due to external heat extraction a 
comparison can be made of the above velocity with the one required for 
absolute stability in the Al-Hf alloys of this work. At the absolute 
stability velocity V^*.,
VJKtl = AT0Du/(kD (2.20)
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the front is planar and no lateral solute segregation occurs. In eq. <2.20) 
the required values of D,_ and T are for a melt undercooled to some 
temperature below the solidus whereas measurements, if available, tend to 
be for superheated melts. Data for D,, of Hf in molten Al is not available 
to our knowledge and as an approximation the value for D,_ of Zr at 660*C 
has been used for the calculations with T=l. 08xl0~'7 Km (Kurz and Fisher, 
1984). The values of AT0 and were determined from the calculated 
metastable extensions of the equilibrium liquidus and solidus to 
compositions well beyond the equilibrium values (Saunders, 1990). This data 
is given in Table 5.3 together with the calculated Vrotfcl. For all Al-Hf 
alloys studied in this work V < and a cellular solidification structure
is to be expected. This has been confirmed for alloys W1-W6 which all 
exhibited an a-Al cellular solidification microstructure at the tip of the 
wedge.
In general the partition coefficient in eq. (2.20) is dependant on 
temperature and solidification front velocity (see §2.2.7) and approaches 
unity over a narrow range of growth rates characterised by
V.* = Du/®0 (5. 4)
where ac. is an interatomic distance and the velocity at which
k=(ka,+ l)/2 (Jones, 1990). Equations (2.20) and (5.4) define limits for 
segregation free solidification which is determined by absolute stability 
up to a critical value
C0C*1 * = k2 r/m(l-k)a0 (2.21)
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corresponding to V^. = V^. For O C 0 '=^ i± segregation free solid is formed 
by solute trapping. Substitution of typical values in eq. (2.21) gives 
CQ-= ri +>ioo%Hf which accounts for the susceptibility of Al-Hf alloys to 
extended solid solubility at low solidification front velocities. Thus in 
the Al-Hf system the extension of solid solubility is controlled by 
absolute stability rather than by solute trapping (Sec oA so  %
5.1.3. As Solidified Grain Size
Systematic measurements of the effect of alloy content and/or cooling rate 
on the grain size in Al-TM extended solid solutions have been reported for 
Al-Zr (Hori et al, 1982 / Sahin, 1978 / Ohashi and Ichikawa, 1973) and Al- 
Hf (Hori et al, 1981 / Hori and Furushiro, 1982) alloys. For the former 
system it has been noticed that grain size refinement occured above a 
critical Zr content which increased with cooling rate and which was 
associated with the presence of primary petal like metastable Ll2 - Al3Zr 
precipitates within the grains of the a-Al solid solution. Sahin (1978) 
reported that the metastable primary Al3Zr precipitate was absent in splats 
containing at least up to 2. 7at%Zr and attributed the observed grain 
refinement for 0. 4at%Zr from 900pm at 800K/s to 2.5pm at 10sK/s to cooling 
rate alone.
The refinement of the grain size of the Al-Hf alloys studied in this work 
was always associated with the precipitation of the metastable inter­
metallic phase (figure 4.6 and Table 4.1) and the effect of cooling rate in 
refining the grain size was minimal. Similar results have been reported 
before by Hori and co-workers (figure 2.13) (Hori et al, 1981 / Hori and 
Furushiro, 1982 / Hori et al, 1977). It was also noticed that some
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intermetallic particles had not acted as nucleants for the a-Al phase 
presumably due to the different lattice disregistry between the primary 
intermetallic and the solid a-Al leading to different catalytic potency of 
the former for the nucleation of the a-Al phase.
5. i. 4. The Metastable Ll2 - Al3Hf Primary Precipitate.
Considering the morphology of the metastable Ll2 Al3Hf phase Hori and co­
workers (Hori and Furushiro, 1982 / Hori et al, 1982b) constructed a model 
based on his observations from optical and electron microscopy (figure
2. 14). Whilst most of the precipitates in figures 4.2 and 4.4 can be
related to this morphology the occasional precipitate (marked a and b in
figure 4.4) appeared to have a triangular shape. Only the cuboidal
precipitates (figures 4.8a, 4.10a) were found in the TEM specimens thus 
suggesting that the triangular precipitates in figure 4.4 might be due to 
insufficient etching or sectioning effects.
Figure 4. 11 was typical of the Ll2 - Al3Hf precipitates with a dark centre 
which was Hf rich (figure 4. 13). It appears that these intermetallics had 
grown from this centre as it would be expected if impurities or small 
undissolved particles of Hf had acted as heterogeneous nucleation sites for 
the metastable Ll2 -Al3Hf phase. Growth of the precipitate in figure 4.11 
had occured along the < 111 > directions. The structure of these precipitates 
was dendritic suggesting that they grew in the melt. Occasionaly elongated 
precipitates were observed with a slightly different structure and without 
the dark Hf rich centre (figure 4. 12) as it would be expected if the 
observed section was not through the centre of the precipitate. In the more 
concentrated alloys W9 and W10 small spherulites of the Ll2 - Al3Zr phase 
could be seen around the edge of the precipitate (figure 4.14) suggesting
that the Zr present in the melt had partitioned away from the Ll2 - Al3Hf 
phase to form the Ll2 -Al3Zr phase,
A characteristic feature of the Ll2 - Al3Hf phase was the bright zone shown 
in figure 4. 10a with an apparent solute depletion in it (figure 4. 10b).
Such a zone has been noticed before for the Ll2 - Al3Zr phase (Nes and 
Billdal, 1977) and solute depletion in it was demonstrated, Even though a 
difference in solute could be detected, this may not be a real effect due 
to differences in absorption between precipitate and matrix. An alternative 
explanation may be due to the sectioning of these precipitates along the 
(100) planes (Hori et al, 1982). Since these effects were also observed by 
optical microscopy (figures 4.2 and 4.4), the sectioning effect probably 
offers the best explanation. Some of the Ll2 - Al3Hf precipitates had a 
brighter more diffuse periphery (figure 4.12) and appeared to have 
undergone some form of solid state decomposition.
5.1.5 Strength of Al-Hf Solid Solutions
The microhardness results given in Table 4.1 exhibit a linear relationship 
up to 2wt%Hf (figure 4.5b), the apparent solid solubility limit, and a 
discontinuity in strength at about 2wt%Hf. There was very little increase 
in strength above 2wt%Hf. The strengthening effect of Hf at a rate of 
167. 75MPa/wt%Hf was higher than the rate of 121. 3MPa/wt%Zr reported for Al- 
Zr alloys (Sahin, 1978).
The mlcrostructural studies confirmed that alloys containing up to 2wt%Hf 
exhibit a supersaturated solid solution. This is reflected in figure 4.5b 
which shows a linear variation in microhardness up to 2wt%Hf. Furthermore 
the alloys W1-W6 exhibited little change in grain size (figure 4.5a). Thus
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only a small contribution in strength is due to grain size strengthening 
and the increase in hardness is attributed to solid solution strengthening.
Following the analysis of Fontaine (1976), the hardness at atom fraction 
c of solute of the Al-Hf solid solutions can be calculated from eqs. (2.42) 
and (2.43). For H0 = 313. 9MPa, G = 27 GPa, Kr = 79 (Fontaine, 1976) and 
with r,=0. 158nm, ro=0. 143nm, Table 5.4 gives the calculated and 
experimental hardness values. Differences exist between the two values, 
especially at the lower solute levels. It is difficult to compare these 
results with those for other Al-TM alloys, especially those exhibiting 
solute clustering (Fontaine, 1976), since for our alloys the concentration 
of solute in at% level is much lower. If it is assumed that the linear 
increase in hardness shown in figure 4.5b continues up to lat%, the 
extended solid solubility of Hf in Al as reported by Hori and Furushiro, 
(1982), the microhardness of 1373. 4MPa (140Kgmm"3:' as compared with that of 
539. 55MPa (55Kgmm~3:’ calculated from eq. (2.42) suggests that solute 
clustering, as for Al-Fe, Al-Ni (Furrer and Warlimont, 1973 / Bonefacic et 
al, 1975) and probably for Al-Co alloys (Fontaine, 1976) may be responsible 
for the unaccounted difference in hardness for Al-Hf alloys. On the other 
hand figure 4, 15 suggests the absence of Hf rich clusters of size >10A. 
However these experiments are not conclusive because the statistics of the 
analysis were poor due to the low concentration of Hf at at% level. Thus it 
is possible that solute clusters of size <10A might be present. This 
deserves further study. The Increase in hardness at about 2wt%Hf, from 
637.65 to 794, 6MPa (65 to SIKgmnr3) (figure 4.5b), is due to the refinement 
in grain size from 250 to 4.5pm. The Hall-Petch equation (2.3.7) with grain 
sizes of 250 and 4.5pm gives a difference in yield strength of 27. IMPa 
which corresponds to an increase in microhardness of about 88. 3MPa
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(9Kgmm~3) as calculated from the Mayer relationship (Dieter, 1986) with the 
Mayer constant n‘ = 2.21 (Sahin, 1978). Considering the experimental error 
in the measurement of microhardness, this increase is in reasonable 
agreement with the measured value.
5. 1. 6 Decomposition of the Solid Solution.
The mode of decomposition of the solid solution was dependant on alloy 
composition. Two modes of decomposition were observed. Continuous 
precipitation of fine spherical precipitates of the Ll2 - Al3Hf phase 
formed in the Al-0. 32Hf and Al-0. 50Hf alloys and discontinuous 
precipitation of rods/filamentary type precipitates in the Al-1.04Hf alloy. 
These modes of decompositon will be discussed below.
For alloys Wl, W2 and W4 peak hardness was associated with the 
precipitation of the Ll2 - Al3Hf phase. The increase in hardness was at the 
most - 225. 6MPa (23Kgmm“:3:) for alloys Wl and W2 and » 382. 6MPa (39Kgmm~3) 
for alloy W4. Such a limited response to ageing has been reported before 
for the Al-lHf alloys (Hori et al, 1980) and could be attributed either to 
the low solute content of the alloys or alternatively, if solute clustering 
had occurred in the solid solution, to the growth of the clusters and the 
precipitation of the metastable phase, Other Al-TM (TM=Fe, Ni and possibly 
Co) extended solid solutions are known to be subject to solute clustering 
which severely limits their response to age hardening treatments.
The peak hardness increments AH of alloys Wl, W2 and W4 are consistent with 
an obstacle spacing X. of about 0.3pm and 0.16pm respectively as calculated 
from the Orowan expression (Hughes and Jones, 1977)
AH = {9G/4rc>. <\/2b>. {lnt\/2b]> (5. 5)
where b is the Burger’s vector (b=2. 86x10“'°m as for pure Al>. The 
calculated range of obstacle spaclngs of 0. 16mm - 0. 3pm is in good 
agreement with the measured spacings of 0. 03pm - 0. 5pm.
The precipitates in figure 4.20 have a morphology which has been described 
as rodlike, filamentary or feather like (figures 4.21a, 4. 21b and 4.21c). 
These morphologies which belong to the metastable Ll2 - AlaHf phase have 
been noted before for Al-Hf and Al-Zr alloys (Ryum, 1975 / Hori et al, 1981 
/ Hori and Furushiro, 1982 / Furushiro and Hori, 1985 / Nes and Billdal, 
1977a / Hori et al, 1982a) and according to the mechanism proposed by Nes 
and Billdal (1977b) are due to the separation of the precipitating phase 
behind an advancing grain boundary separating transformed and untransformed 
regions of the matrix. Discontinuous precipitation was not uniform in our 
specimens. It occured within some grains whereas others appeared 
precipitate free. Figure 4.20 shows precipitation of the metastable 
Ll2 - Al3Hf phase with those precipitates adjacent to the grain boundary 
alligned normal to it. The interior of this grain is decorated with 
precipitates which, in a localised area, are all alligned in the same 
direction. For these precipitates to be formed via the grain boundary type 
reaction proposed by Nes and Billdal (1977b) (§2.5.4) the grain boundary 
must have undergone a substantial movement and a large change of direction.
Discontinuous precipitation was observed in Al-Hf alloys containing more 
than 0, 5wt%Hf. This Indicates that the diffusion of Hf in Al is very slow 
so that precipitation occurs at a reasonable rate only in the discontinuous 
mode of decomposition when there are sufficient atoms to diffuse to the
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grain boundary. Coarsening of both the continuous and the discontinuous 
precipitates was very slow again suggesting the low rate of diffusion of Hf 
in Al,
5.1.7 Conclusions
1. Al-Hf alloys form extended solid solutions up to 2wt%Hf when rapidly 
quenched from the melt at about 2xl03 K/s. This is also the solubility 
limit of Hf in sub-45pm sized Al-Hf alloy powders.
2. The addition of Hf increases the lattice parameter of ot-Al at a rate of
0. 003A per wt%Hf and the strength of the Al-Hf solid solutions by 168Mpa 
per wt%Hf (17. lkgmm-3 per wt%Hf)
3. Primary precipitation of the metastable Ll2 Al3Hf phase in the form of 
cuboid or petal-like precipitates is accompanied by grain refinement.
4. Grain size effects and solid solution strengthening cannot account for 
the strength of the solid solutions. The latter decompose in two modes: 
continuous precipitation of fine spherical precipitates and discontinuous 
precipitation of rod/filament-like precipitates of the metastable phase. 
The former prevail in alloys with <0. 5wt%Hf.
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5. 2 Analysis of Strength of the Extruded Al-1. 6wt%Hf Alloy
5.2.1 Introduction
At the two ageing temperatures of 300“C and 400 *C, the tensile
properties and the hardness of the Al-1.6wt%Hf alloy improved with time and
had not reached their peak values after lOOOh. This is in contrast with the 
chill cast Al-1.04wt%Hf solid solution discussed in §5.1 which reached peak 
hardness after lOOh at 400*C. The percentage changes of the tensile
properties and hardness were slightly better at 300*C with the exception of
UTS which reached a higher value at 400“C. Indeed after lOOOh at 300*C the 
UTS had increased by 12%, the oy increased by 11%, the elongation to 
failure decreased by 5% and the hardness increased by 15%. Furthermore 
after lOOOh at 400*0 the UTS increased by 15.5%, the cry increased only by 
3%, the elongation to failure decreased by 9% and the hardness increased by 
7% (figures 4.25 and 4.27). Such a limited response to ageing could be 
attributed either to the low solute content of the alloy or alternitvely, 
if solute clustering is occuring in the solid solution, as suggested in 
§5.1, to the growth of the clusters and the precipitation of the metastable 
phase. Indeed, the above increases in properties were accompanied with the 
continuous and discontinuous precipitation of the Ll2-Al3Hf phase and with 
the very small changes in the grain size of the alloy. The precipitate size 
distributions shown in figure 4.30 are asymmetrical with a cut-off at the 
lnm particle size and only a small number of particles at sizes exceeding 
20nm. As the ageing time at temperature was increased there was a slight 
shift towards larger precipitate sizes.
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It is well known that distributions of fine precipitates dispersed in 
the matrix of age hardenable Al alloys can have profound effects on their 
mechanical properties. Below available theoretical models for the various 
strengthening mechanisms that can operate in precipitation strengthened 
alloys are used to calculate the yield strength of the consolidated and 
aged Al~l. 6wt%Hf alloy powders. The yield strength of the alloy (crv)
dy — f (o**, 0(31,*, CJp>pTfv|) (5. 6)
can be expressed as a function of oQ*, o** OppTN the grain size, solid 
solution and precipitation strengthening contributions respectively, The 
latter is a function of the operating precipitation strengthening 
mechanisms. According to Lilholt (1983) when one of the strengthening 
mechanisms contributing to cry is due to relatively weak obstacles and the 
others due to relatively strong obstacles the contributions should be 
linearly additive. Also Ebeling and Ashby (1966) have shown that the linear 
addition rule applies for the superposition of solid solution strengthening 
and precipitation strengthening in internally oxidised Cu-Si alloys with Au 
in solid solution. Since there is some theoretical justification for linear 
superposition of the strengthening contributions of matrix and precipitates 
the linear superposition rule will be used in the discussion of these 
results. Thus in its simplist form eq, (5.6) becomes
O'y — O** + Oq* + OppTN (b. 7)
Since Hf was retained in solid solution in the as-extruded condition the
two strengthening mechanisms which can operate are grain boundary and solid
solution strengthening.
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5.2.2 Grain Size and Solid Solution Strengthening
The effect of grain size on the yield strength of an alloy is an 
important aspect of polycrystalline strengthening and can be calculated 
from the Hall-Petch equation (2,37). Using the values a0=14. 6MPa and 
k=2. IMPaymm for rapidly solidified Al (§2,4.2) and d=l. lpm, the grain size 
contribution is ar(3!3-78MPa.
The difference in strength of 50MPa between the calculated <tqs and the 
measured yield strength is attributed to solid solution strengthening.
Solid solution strengthening depends on the interactions of moving 
dislocations with solute atoms and will be caused principally by diferences 
in size and/or differences in elastic modulus between the solute and 
solvent atoms (§2,4.3). The latter are of little or no significance in 
solid solution strengthening of Al alloys, Noble et al (1982). Noble et al. 
have shown that there is a size effect on solid solution strengthening of 
Al alloys. From their data it is estimated that the solution of Hf atoms in 
Al produces a strengthening of about llMPa/at%, thus giving a solid 
solution strengthening contribution of *2. 5MPa for the Al-1. 6wt%Hf alloy 
solid solution.
Calculations of solid solution strengthening through microhardness 
increments have been made by Fontaine (§2.4.3) who related solid solution 
strengthening to the difference between the atomic sizes of the solute and 
solvent atoms. According to Fontaine the microhardness of a solid solution 
can be calculated from eq. (2.42). Equation (2.42) underestimates 
considerably the microhardness of Al-Hf solid solutions (Table 5.4) (a 
solid solution strengthening of *4MPa is predicted for the Al-1. 6wt%Hf 
alloy). In §5. 1 the difference between calculated and measured 
microhardness values for Al-Hf alloys was attributed to solute clustering.
-2 0 1 -
The latter however was not confirmed by the preliminary work reported in 
Chapters 3 and 4.
From the data given in Tables 4.16 and 4.20 relationships can be 
established between hardness and microhardness and between yield strength 
and hardness, A linear relationship is also established between 
microhardness and solute content for Al-Hf solid solutions containing up to 
2wt%Hf and the increase in microhardness, shown in figure 4.5b, was 
attributed in §5.1 to solid solution strengthening. Equation (5.8)
= 0. 15*HV
relates the microhardness of Al-Hf solid solutions to the solid solution 
strengthening contribution to the yield strength of these alloys. Thus for 
the Al-1.6wt%Hf alloy the solid solution strengthening contribution is 
o‘ss-40MPa. This is in good agreement with the 50MPa solid solution strength 
calculated from eq. (1 . 1 ) (a y -c rQ:3 = 128-78 = 50MPa).
Precipitation strengthening in Al alloys depends on producing a 
distribution of fine second phase particles within the a-Al matrix during
ageing of the alloy. Mlcrostructural evolution could follow the
decompositon sequence
S. S. S clusters -) transition structure -> final structure
For the Al-1.6wt%Hf alloy it is possible that solute clusters exist in the 
a-Al matrix prior to ageing. Furthermore transition of the metastable Ll2- 
Al3Hf phase to the equilibrium Al3Hf phase was not observed even after
lOOOh at 300*C and 400°C.
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5.2.3 Precipitation Strengthening
For the coherent Lls-Al3Hf precipitates possible interaction mechanisms 
between precipitates and moving dislocations include: (i) coherency
strengthening, which arises due to the elastic interaction between the 
strain fields of the coherent misfitting precipitate and the dislocation,
(ii) chemical strengthening or surface hardening, which results from the 
additional matrix-particle Interface created by the dislocation after it 
shears through the coherent precipitate, (lii) modulus hardening, which 
occurs when the shear moduli of the matrix and precipitate differ, (iv) 
order strengthening, which operates when the crystal structure of the 
coherent precipitate is a superlattice and the matrix is a disordered solid 
solution and (v) Orowan strengthening, which operates when the particles 
are by-passed by the moving dislocations which leave dislocation loops 
around each precipitate.
It is generally accepted that coherent precipitates can be sheared by 
the dislocations and that the resistance to shear is governed by the 
mechanisms (i-iv> above. When the precipitate size has increased 
sufficiently or the precipitate ceases to be coherent and its crystal 
structure is very different from that of the matrix then the precipitates 
are no longer sheared by the dislocations which find ways to move around 
the particles. In this case mechanism (v) above describes the interaction. 
The change from particle shearing to particle looping has very often been 
associated with the peak strength of a precipitation hardened alloy (Starke 
and Wert, 1976).
During ageing continuous and discontinuous precipitation of the Ll2- 
Al3Hf phase occured in the form of spherical and filamentary type 
precipitates respectively. Below we calculate the strengthening
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contributions of spherical precipitates for each of the above mechanisms. 
The method of calculation is given for the alloy aged at 400*C for lOOh. At 
this stage of the ageing treatment the average precipitate radius was 
r=4.55nm and the volume fraction of the precipitates was f=0.014 (see Table 
5.5). From eq. (2.37), <TQ!3*73MPa.
(A) Precipitate Shearing
(i) Coherency Strengthening
The increase in yield stress due to coherency strains can be calculated 
from eq. (2.44). Taking e=2.37xl0-3, the strengthening contribution from 
coherency strains is 4. 4MPa. This is in good agreement with the results of 
Gerold and Pham (1979) who calculated coherency strengthening in Al-Li 
alloys to be less than 5MPa.
(ii) Surface Hardening
The surface hardening contribution can be calculated from eq. (2.45).
In eq. (2.45) is the precipitate/matrix interfacial free energy 
(Ys<0.2J/m2 although a more realistic value could be y iS- 0 . 03J/m2 as 
reported for Ll2-Al3Hf by Chen et al. (1987)). Substitution gives 
Ats<0. 48MPa. According to Brown and Ham (1971) the surface hardening 
contribution is less than IMPa for y ;3-0 . 014J/ra2.
(iii) Modulus Strengthening
There are two interaction regimes in modulus strengthening, depending 
on whether the dislocation is inside or outside the precipitate. X n the 
latter case the force of interaction is greater and can be calculated from 
eq. (2.46). For AG*6. 7GPa (as suggested for precipitates with the Ll2 type
structure in an a~Al matrix [Noble et al, 19823) the modulus strengthening 
contribution is 17. 8MPa.
(iv) Order Strengthening
Order strengthening caused by the creation of an antiphase boundary 
between the dislocation pairs can be calculated from eq. (2.47a). Typical 
values of yapei for coherent precipitates are in the range of 0.135-
0. 195J/m3 (Brown and Ham, 1971). From eq. (2.47a) the order hardening 
contribution is 36MPa.
(B) Precipitate Looping
The stress required to bypass or loop a particle depends on the 
particle spacing and in its simplest form is given by the Orowan equation 
(2,49) where the interparticle spacing L is given by eq. (2,50). For 
r=4. 55nm and f=0.014 (data from Table 5.5 for the alloy aged at 400*0 for 
lOOh), the Orowan shear stress is AxL=l8MPa.
The calculated Ax values for the alloy after lOOh and lOOOh at 300*0 
and 400*0 repectively are given in Table 5.6. There is no reason why two or 
more of these mechanisms cannot operate simultaneously and it is also 
possible that one of the above mechanisms could dominate the dislocation - 
precipitate interactions, Assuming linear superposition of the 
strengthening contributions we have also calculated in Table 5. 6 the total 
shear stress Ax for precipitate shearing. For all the alloy conditions 
considered the latter stress is always higher than that required for 
precipitate looping and it would suggest that Orowan srengthening is the 
dominant mechanism after lOOh at 300*C and 400*C. Microstructural 
examination has in fact shown that precipitate looping is dominating after
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The contributions of various strengthening mechanisms were calculated 
above for spherical precipitates. However from the mlcrostructural studies 
filamentary type precipitates (discontinous precipitation) which account 
for *20% of the total volume fraction of precipitates were observed within 
the grains. The effect of particle shape on Orowan strengthening has been 
studied by Kelly (1972). In Kelly's analysis filamentary precipitates are 
taken as rods of length 1 and diameter d which intercept a slip plane as a 
set of ellipses. Kelly assumed that the ellipse could be approximated to a 
sphere and for precipitates with a diameter in the range 10Q~1000A and 
aspect ratios (l/d)*25, the rods srengthened the matrix 1.75 times more 
effectively than the same volume fraction of spherical precipitates.
In this work the diameters and aspect ratios of the filamentary type 
precipitates are very close to those in Kelly's model. Thus the 
strengthening contributions for the spherical precipitates, <tls: and 
filamentary precipitates, aLF can be expressed as
off- = Vsx(tl. (5. 9>
and ffuF = VFxaLxl-75' (5. 10)
where and VF are the volume fraction of spherical and filamentary 
precipitates respectively.
In any real precipitation hardened alloy it is important to estimate 
how a distribution of obstacle strengths affects aY . An important related 
problem is how the strengths of matrix and precipitate add to produce the 
strength of the alloy. The latter problem has been approximated with eq, 
(5.7). For the former problem several relationships have been proposed to
lOOh at the two ageing temperatures (figure 4.32).
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account for the contributions to crY of distinct obstacles of different 
strengths. The most common expressions assume linear superposition or the 
Pythagorean addition rule or the law of mixtures (§2.4.5). The principal 
justification for the use of one or another of these addition rules has 
been the extent to which they agree with experimental data. Below we 
demonstrate the use of the linear superposition of the strengthening 
contributions in the analysis of our results.
Combining eqs. (2.49,2.50,5.9 and 5.10) the precipitation strengthening 
contribution to the yield strength becomes
ffPPTN = [(MVsfGb)/(4(l-f)r)] + C(1. 75MVRGbf)/<4<l-f>r>] (5.11)
Taylor (1938) calculated an average orientation factor M relating the 
stress in tension (a) to the stress in shear (t) as For a random fee
polycrystal Taylor predicts M=3. 06 (M=2. 24 is the prediction of Sachs 
(1928)). We have used Taylor's value for M to calculate a values for the 
contributions of each of the above mechanisms in Table 5.7.
Approximately half the Al-1. 6wt%Hf alloy strength can be attributed to 
the fine grain size (Table 5.7). This is in good agreement with the 
calculated grain size contributions reported for extruded HPGA Al-Cr-Zr-Mn 
alloy powders (Adkins and Tsakiropoulos, 1991). The analysis also shows 
that after lOOh at both ageing temperatures solid solution strengthening 
does not play a role in the strength of the alloy. The value of Act in Table
5.7 depends strongly on the addition rule (in this case linear 
superposition) and the value chosen for M. Indeed for M=2 (as it is often 
assumed (Dieter, 1986)) and after lOOh at 400‘C, the remaining solute 
within the matrix contributes <15MPa towards the strength of the alloy. 
Prolonged ageing at the two ageing temperatures reduces further the solute
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strengthening contribution with a faster reduction in solute strengthening 
during ageing at 300*C (Acr=5. 3MPa and A<r=OMPa after lOOh and lOOOh at 
300*C) as compared with ageing at 400°C (Ao-=15. 6MPa and Ao=5MPa after lOOh 
and lOOOh at 400*C). The values of Ao calculated for the other addition
rules are given in Table 5. 8
In the above analysis the role of the fragments of the surface oxide of 
the powders in the extruded material was ignored. Oxide stringers along 
prior particle boundaries in the extrusion direction and sub-micron size 
oxide fragments in the matrix of the extruded Al-1. 6wt%Hf alloy powders 
were not observed, thus suggesting that consolidation gave a uniform 
distribution of very fine oxide fragments in the matrix. The oxygen content 
of lOOgr of the extruded powder can be estimated from
wt%02 = 0. 047p(SA)tco<lc^  <5.12)
where t0>;icl6f is the oxide thickness <=1.3nm), p. is the density of aluminium 
oxide and SA is the surface area of the powders in m3kg-1 (=196m3kg"1). 
Substitution of the above values gives an oxygen content of *0. 047wt%. If 
it is assumed that the difference in yield strength of lOMPa in the as 
extruded condition is due to Orowan strengthening by the oxide fragments
the latter are calculated to have a size <lnm in diameter.
5.2. 4 Conclusions
1. In the rapidly solidified sub-45pm size powders the Hf was retained in 
solid solution in the as-atomised and as-extruded conditions.
2. Decomposition of the solid solution during ageing at 300*0 and 400*C led 
to the continuous and discontinuous precipitation of the metastable Ll2- 
Al3Hf phase. This was not replaced by the equilibrium Al3Hf phase even 
after lOOOh at these temperatures.
3. Solid solution strengthening makes a significant contribution in the 
strength of the alloy in the as-extruded condition. For the aged alloy 50% 
of the yield strength is attributed to grain size strengthening.
4. After lOOh at 300’C and 400*C precipitate looping is the dominant 
strengthening mechanism and the solid solution strengthening contribution 
is diminished.
5. Twenty percent of the precipitation strengthening contribution is from 
the discontinuous precipitates.
5.3 Analysis of Strength of Extruded Al-Li-Hf Alloys
5.3.1 Introduction
The extension of solid solubility of Li and Hf in HPGA Al alloy powders 
depends on alloy composition and powder particle size/cooling rate. The 
solid solubility of Li and Hf in Al could be extended to 3wt%Li and 2wt%Hf 
in sub-45pm HPGA Al-Li and Al-Hf alloy powders respectively (§5.1 and 5.2).
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In this work powder particles with d<50pm had an a-Al cellular 
intermetallic free solidification microstructure thus confirming that HPGA 
of alloys A5 and A6 (Table 3. 1) had resulted in extended solid solutions of 
Li and Hf in a-Al.
Al-Li alloys are given a solution treatment at 450*C<T<550*C to 
solutionize the Li (§2.7), The morphological characteristics of the a'(Hf) 
phase which formed during solution treatment at 450*C are similar to those 
of the ordered L12-A13TM (TM=Hf,Zr) phase forming during the decomposition 
of binary Al-Hf and Al-Zr solid solutions at 300*C<T<500*C (Sahin and 
Jones, 1978). Two distinct morphologies of the L12-A13TM phase have been 
reported; spherical precipitates forming within the grains by conventional 
nucleation and growth and discontinuous filamentary type precipitates 
forming via a grain boundary type reaction. Due to the low diffusivity of 
Hf in a-Al the coarsening rate of these ordered precipitates is extremely 
slow,
Formation of the a' (TM) is possible only at the solution solution 
treatment temperature (Levoy and Vandersande, 1989, Saunders, 1990). In 
this work the a"(Hf) phase formed by the precipitation reactions 
characteristic of the Ll2-Al3Hf phase. Continuous and discontinuous 
precipitation of the Al3 (LixHf •, _x) - a' (Hf) phase at 450*0 has been studied 
(Levoy and Vandersande, 1989) and compared with the formation of 
Al3(LixZr,_ x ) - a' (Zr) (Gayle and Vandersande, 1989, Makin and Ralph, 1984) 
and Al:3 (LixTit _ x ) - a' (Ti) (Levoy and Vandersande, 1989) phases. The 
present work has confirmed the observations of Levoy and Vandersande (1989) 
for a'(Hf) and the similarities of a'(Hf) with a'(Zr). Furthermore, the 
extensive precipitation of the filamentary type particles in alloys A5 and 
A6 (*50% volume fraction of filamentary a'(Hf) after 2h at 450*C) is in 
good agreement with the reported extensive precipitation of filamentary
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a' (Hf) in an Al-1. 9wt%Li-l. 6wt%Hf alloy processed under similar conditions 
(Levoy and Vandersande, 1989).
During ageing 8' precipitated heterogeneously on prior a'(Hf) 
precipitates to give composite a'/S' particles and homogeneously within the 
a-Al matrix. The composite morphology is attributed to the differences in 
the solubility and diffusivity of Hf and Li in a-Al at the heat treatment 
temperatures. The 8' phase grew forming continuous shells around both the 
spherical and filamentary a'(Hf) particles. In dark field the 6' Imaged 
brightly while the Hf rich a'(Hf) phase imaged weakly even though both 
phases have the same crystallographic structure and were imaged using the 
same superlattice reflection. This difference in dark field intensities 
between the a' and 8' phases is attributed to the difference in the 
composition of these phases. Indeed, according to the reported results the 
chemical composition of 8' and of the spherical and filamentary type a' (TM) 
precipitates is different. For an Al-2. 3wt%Li-1. lwt%Zr alloy, Gayle and 
Vandersande (1989) calculated that the Li content in a' (Zr) varied from 5 
to 10at%Li in the spherical precipitates and was *15at%Li in the 
filamentary type precipitates. For the a'(Hf) precipitates in an Al- 
1.9wt%Li-l. 6wt%Hf alloy solution treated at 450*0 Levoy and Vandersande 
(1989) calculated 0.4<X<0. 6 for the spherical precipitates and 0.5<X<0. 7 
for the filamentary type precipitates.
During ageing both the size of the precipitates and their volume 
fraction increased. This is attributed to the different diffusivities of Li 
and Hf in a-Al. At the solution temperature the alloy becomes 
supersaturated with Hf and Li remaining below the solubility limit. Thus 
only a' (Hf) precipitates during treatment at 450*C. During ageing the 
concentrations of Hf and Li exceed their solubility limits and the 8' 
forms. Growth of the a' (Hf) core of the composite precipitates is not
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taking place due to the extremely low diffusivity of Hf in a-Al at 190°C. 
These result to increases of the average size of the composite precipitates 
and of the volume fraction of the particles.
5. 3. 2 Strengthening Mechanisms
Alloys A5 and A6 (Table 3. t) reached their peak aged condition after lh 
and lOh at the ageing temperature respectively. Alloy A5 had better tensile 
strength (UTS), yield strength (erv) and hardness than alloy A6 in the as 
extruded condition, reached higher levels of strength and retained its UTS 
and crv values after lOOh at 190CC. Following the heat treatments the 
ductility of both alloys was reduced by *607# with alloy A6 exhibiting the 
better ductility.
Below the contributions of strengthening mechanisms will be calculated 
for alloy A5 for the as extruded condition, for the solution treated 
condition of 2h at 450*C and for the solution treated and aged condition of 
lOh at 190*C. The method of calculation is the same for alloy A6 for the 
same conditions.
5. 3. 2. 1 Solid Solution Strengthening
Since Li and Hf were retained in solid solution in the as extruded 
condition the two strengthening mechanisms which can operate are grain 
boundary and solid solution strengthening. Thus eq. (5.7) reduces to
OV -  tfes + Oss 13;>
The effect of grain size on a y is calculated from the Hall-Petch eq. (2.37) 
where a0 and k are the constants given in §2.4.2 and d is the grain size 
(d=0. 7pm for alloy A5). Using these values the grain size contribution for
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alloy A5 is a<ai=r=94MPa (for alloy A6, aQ.3=91MPa). The difference in strength 
of 201MPa and 186MPa (ay-aQ!3) for alloys A5 and A6 respectively is 
attributed to solid solution strengthening.
Solid solution strengthening has been calculated in binary Al-Hf 
(§5. 1, 5. 2) and Al-Li alloys. For 1. 23wt%Hf in solid solution in tx-Al a 
strength contribution of *40MPa is expected. Similarly the reported 
increase in solid solution strength of *6. 5MPa/at%Li in binary Al-Li alloys 
(Noble et al, 1982) gives a solid solution strength of *60MPa for 2.20wt%Ll 
in a-Al. This is in excellent agrement with the solid solution strength of 
the PM Al-2. 25wt%Ll alloy which was processed under similar conditions to 
alloy A5. Thus lOOMPa of "solid solution strength" of alloy A5 (and 59MPa 
of alloy A6) have still to be accounted for. This remaining strength could 
be attributed to the contributions of solute atom interactions and/or 
precursor phase/s to 6' or a'(Hf). We have been unable to confirm the 
existence of precursor phases under the TEM.
Several researchers using thermal analysis, resistivity measurements 
and small angle X-ray scattering (SAXS) have proposed the existance of GP1, 
GP2 and 6'' or just GP zones as metastable precursor phases to 8' (Nozato 
and Nakai, 1977 / Ceresara et al, 1977 / Balmuth, 1984 / Spooner et al,
1985 / Livet and Bloch, 1985 / Papazian et al, 1986 / Mukhopadhyay et al, 
1987). However to our knowledge GP zones have not been observed in the TEM 
or by field ion microscopy. Furthermore, high resolution phase contrast 
imaging experiments (Sato et al, 1988, Radmilovic et al, 1989) have not 
confirmed the existance of GP zones but instead have suggested the 
formation of 8' by spinodal decomposition of the ordered Al-Li solid 
solution. Small angle neutron scattering (SANS) experiments have also 
indicated spinodal decomposition of 8' (Fujikawa et al, 1987). Neither SAXS
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or SANS have provided definite evidence of the existence of spinodal 
decomposition. However, even if spinodal decomposition is possible it is 
also feasible that the formation of GP zones can occur at low 
supersaturations. A metastable miscibility gap has also been suggested 
(Balmuth, 1984, Sigli and Sanchez, 1986) in the a + 8' region. Such a gap 
could make possible spinodal decomposition or the formation of GP zones. 
Recent experimental work has found no evidence of the presence of the 
predicted miscibility gap (Shaiu et al, 1989).
Any contribution from solute <Hf) clustering (see §5. 1) has been 
accounted for in the 40MPa solid solution strength. Spinodal decomposition 
has also been suggested (Sahin and Jones, 1978) for the initial breakdown 
of Al-1.5at%Zr alloy solid solutions. Despite the similarities between 
the decomposition of A1--TM (TM=Zr,Hf) solid solutions there is no evidence 
to suggest the existence of spinodal decomposition during the early stages 
of precipitation in Al-Hf solid solutions.
Finally a contribution towards the unaccounted strength of lOOMPa of 
alloy A5 in the as-extruded condition could be made from the small 
fragments of the surface oxide in the extruded material. Oxide stringers 
along prior particle boundaries in the extrusion direction and sub-45pm 
size oxide fragments in the matrix of the extruded powders of alloys A5 and 
A6 were not observed, thus suggesting that the consolidation method gave a 
uniform distribution of very fine and widely separated oxide fragments in 
the matrix of the alloy. The oxygen content of lOOgr of the extruded powder 
can be estimated from eq. (5. 12) where tC)><lcJls, is the oxide thickness 
(=2. 9nm for alloy A5 and 2. 5nm for alloy A6) and SA is the surface area of 
the powders in nv^ kg"1 (=222m2kg"‘ for alloy A5 and 285. 7m2kg~1 for alloy 
A6). Substitution of these values in eq. (5.12) gives oxygen contents of 
—0. 12wt% and *0. 133wt% for alloys A5 and A6 respectively. Alumina oxide
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fragments with a diameter <lnm would make an Orowan strengthening 
contribution of 3. 87MPa and 4. 27MPa for alloys A5 and A6 respectively.
Thus it is proposed that the unaccounted strengthening contributions of 
*96MPa and *55MPa towards the yield strength of alloys A5 and A6 in the as 
extruded condition are further indirect evidence of the existence of 
precursor phase/s to S' in Al-Li-Hf alloys,
5.3,2,2 Precipitation Strengthening
For the coherent ordered a', S' and a'/S' precipitates possible 
interaction mechanisms between precipitates and moving dislocations include
(i) coherency strengthening, <ii> chemical strengthening or surface 
hardening, (iii) modulus hardening, (iv) order strengthening and (v) Orowan 
st rengt hening.
In this work both alloys (A5 and A6) reached peak hardness after a lOh 
ageing treatment. During solution treatment and ageing continuous and 
discontinuous precipitation of the a'(Hf) and ot'/S' phases occured in the 
form of spherical and filamentary type precipitates. Below we calculate the 
strengthening contributions of spherical precipitates for each of the above 
strengthening mechanism. The microstructural data is given in Table 5.9,
(A) Precipitate Shearing
(i) Coherency Strengthening
The increase in yield stress due to coherency strains is calculated 
from eq. (2.44) where b=2, 86X10-1°m and s=2,37*10~3. G is the shear modulus 
describing the elastic response of the matrix to a shear stress for 
< 111 > < 110> slip and is calculated from G, 1, =[ 3c44 (cn ■, ~c, 2> / (c,, -c-,2+4cAA)3 
with data for cXJ from Kelly and Groves (1970). For aluminium G=24. 9GPa.
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(ii) Surface Hardening
The surface hardening contribution is calculated from eq. (2.45) where 
Ya<0. 2J/m3. A more realistic value could be y ^ -0 . 03J/m3 as reported for 5' 
(Williams and Edington, 1975) and for Ll2-Al3Zr by Shalu et al. (1989),
(iii) Modulus Strengthening
This is calculated from eq. (2.46) where AG is the difference in 
modulus between precipitate and matrix (Chen et al. , 1987). The shear 
modulus of 5' is G=36. 96GPa (Noble et al, 1982).
(iv) Order Strengthening
Order strengthening caused by the creation of an antiphase boundary 
between the dislocation pairs is calculated from eq, (2.47a) for 
7trf/4Y<r<f/Y and from eq, (2.47b) for r>r/Y- In eq. (2.47a) T is the line 
tension of the dislocation given by eq. (5. 14)
T = (Gb3/4TC>[ (l+v-3vsin®0)/ (l-v)l ln(R/r0) (5.14)
In eq. (5.14) v is the Poisson ratio (for aluminium v=0.362 calculated from 
v=c-,2/[ 0, •, +c, 23 with data for ctJ from Kelly and Groves (1970)), 0 is the 
angle between the dislocation line and its Burgers vector and r and r0 are 
the outer and inner cut-off distances of the dislocation (Brown and Ham, 
1971). Edge dislocations (0=rc/2) have a line tension smaller by a factor of 
(l-2v)/(l+v) than screw dislocations (0=0), For alloys near the peak aged 
condition, ln(R/r0)*4 (Brown and Ham, 1971). For a typical fee alloy this 
implies peak strength at r«10nm (Brown and Ham, 1971). Thus for screw and 
edge dislocations controlling the plastic flow r=0. 692Gb3 and P=0, 5Gb3 
respectively. Typical values of y { o r the coherent Ll2 type precipitates of
the alloys studied in this work are in the range 0. 135J/m2 to 0. 195X/m2 
(Brown and Ham, 1971 / Sainfort and Guyot, 1985 / De Hosson et al.,1984).
(B) Precipitate Looping
(v) Orowan Strengthening
The stress required to bypass or loop a particle depends on the 
particle spacing and in its simplist form is given by eqs, (2.49) and 
(2. 50).
The calculated strength contributions of the above mechanisms for 
alloys A5 and A6 are given in Table 5.10. Noble et al (1982) concluded that 
for binary Al-Li alloys at the peak aged condition the two dominant 
strengthening mechanisms are order and modulus strengthening and suggested 
that coherency strengthening could not be ignored due to the difference in 
size between the precipitate and matrix. The results in Table 5. 10 show 
that:
(i) The contributions of coherency strengthening and surface hardening are 
small and in good agreement with the calculated values given by Noble et 
al. (1982).
(ii) Modulus and order hardening are the major contributors to strength for 
precipitate shearing. The calculated values are in good agreement with the 
results of Noble et al. (1982) for modulus and order hardening and of 
Fragomeni et al. (1989) for order hardening.
(iii) The contribution from modulus hardening is higher by 20% than for 
order hardening and should not be Ignored in any analysis of strength of 
Al-Li alloys.
(lv> Solid solution strengthening is a major contributor to the strength of
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the alloys In the solution treated condition and diminishes after ageing 
for lOh at 190#C.
The histograms of precipitate size distributions for the solution 
treatment condition (figure 4.53) are asymmetrical having a tail to the 
right of the central maximum thus showing a positive skewed distribution. 
This asymmetry is attributed to the precipitation of the a ' (Hf) phase 
during solution treatment (Gu et al., 1985). Upon ageing the precipitate 
size distributions were shifted to the right and became more symmetrical.
There is no reason why two or more of these mechanisms cannot operate 
simulateously and it is also possible that one of the above mechanisms 
could dominate the dislocation - precipitate interactions. Gayle and 
Vandersande (1989) suggested that the presence of Hf or Zr within the 
a' (TM) precipitate would increase the resistance to precipitate shear.
Assuming linear superposition of the strengthening contributions we 
have also calculated in Table 5. 10 the total shear stress Ax for 
precipitate shearing. For all the alloy conditions considered the latter 
stress is always higher than that required for precipitate looping and it 
would suggest that Orowan strengthening is the dominant mechanism. 
Furthermore if only the modulus and order shearing mechanisms are combined 
and compared with the Orowan stress, then the operating mechanism is Orowan 
looping. Mlcrostructural examination has shown that precipitate looping is 
dominating at the two heat treatment conditions (figure 4.52).
The contributions of the various strengthening mechanisms were 
calculated above for spherical precipitates. However the filamentary type 
precipitates (discontinuous precipitation) account for *50% of the total 
volume fraction of the precipitates observed within the grains. The effect 
of particle shape on Orowan strengthening has been studied by Kelly (1972)
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and is given by eqs. (5.9) and (5.10). The precipitation strengthening 
contribution to the yield strength can again be described by eq, (5. 11). 
Using the Taylor value for M, the a values for each contribution are given 
in Table 5.11.
Approximately 30% and 20% of the strength of alloys A5 and A6 in the as 
extruded and peak aged conditions respectively is attributed to the fine 
grain size. This is in contrast to the PM Al-1. 6wt%Hf and Al-Cr-Zi— Mn 
alloys where almost 60% and 50% of the strength under similar conditions 
was attributed to grain size strengthening (Adkins and Tsakiropoulos,
1991). The major contributors to the strength of the alloys are 
precipitation strengthening and solid solution strengthening. The latter is 
the dominant mechanism in the as extruded condition and accounts for 30% - 
50% of the strength of alloy A5 after 2h at 450 °C. The loss of Li during 
heat treatment (Tables 4.28 and 4.29 and figure 4.39) is also contributing 
to the reduction in the contribution of solid solution strengthening. The 
results in Table 5. 11 show that after lOh at the ageing temperature solid 
solution strengthening has diminished. However it should be noted that the 
value of Act in Table 5. 11 depends strongly on the value chosen for M and on 
the addition rule (Table 5,12).
5.3.3 Conclusions
1. In the rapidly solidified sub-45pm size powders the Li and Hf were 
retained in solid solution in the as atomised and as extruded conditions.
2. The Ll2-ordered Al3(Li,Hf) phase formed in both alloys during solution 
treatment at 450°C both as spherical precipitates by continuous 
precipitation and as filaments by discontinuous precipitation.
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3. During ageing at 190*C the S' formed both homogeneously within the a-Al 
matrix and heterogeneously at the a' (Hf)/matrix interface.
4. Precipitate looping is the dominant precipitation strengthening 
mechanism.
5. Solid solution and Orowan strengthening are the two major mehanisms 
controlling the strength of the alloys. Grain size strengthening accounts 
for 20% of the strength of the peak aged alloys while solid solution 
strengthening is diminished in the peak aged condition. The high level of 
solid solution strength in the as extruded condition is considered as 
further evidence in support of the existence of precursor phase/s to 5'.
6. Further improvements in the strength of the alloys can be achieved by 
reducing the grain size and by increasing the volume fraction of the 
filamentary discontinuous precipitates.
5.4 Comparison Between Al-Li-Hf Alloys and Al-Li-Zr Alloys
5. 4. 1 Introduction
In this work Rapid Soldification was employed to enhance the solid 
solubility of Li and Hf in Al, allow the precipitation of metastable phases 
and refine the microstructure. A comparison between the properties of the 
alloys processed in this work (Tables 4.26-4.29) and the properties of 
other Li containing Al alloys (Tables 2.22-2.23) is difficlt due to the 
different processing routes and the complex nature of the latter alloy 
microstructures. In this section the best ternary alloys of this work 
(alloys A5 and A6, see Table 3. 1) and the binary Al-2, 25wt%Li alloy (alloy
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A2 in Table 3. t) will be compared with the Al-Li-Zr alloys which have been 
processed using similar techniques.
5.4.2 Strength levels in Al-Li, Al-Li-Zr and Al-Li-Hf alloys
The tensile properties of some RS Al-Li-Zr alloys were given in Table 
2.25. Five of these alloys (see Table 5.13) have been selected for direct 
comparison with the binary Al-Li alloy and the ternary Al-Li-Hf alloys, A5 
and A6 (see Tables 3. 1 and 5. 13). Typical values of ov of the Al-Li-Zr 
alloys range from 409MPa (ZR5 aged at 190*C) to 590MPa (ZR3 aged at 190"C).
The tensile properties of the Al-Li-Zr and A2, A5 and A6 alloys are 
given in figure 5. 1 together with reference lines corresponding to 2000 and 
7000 series Al alloys. Alloys ZR2, ZR3 and ZR4 exhibit better tensile 
properties than the two Al-Li-Hf alloys. However it should be noted that 
the level of Hf (in at%) is lower than the Zr level in Al-Li-Zr alloys 
since the atomic mass of Hf is much greater than that of Zr. Alloy ZR5 
contains 3.4wt%Li (greater than A5 and A6) but only 0. 5wt%Zr which is 
similar to the solute levels obtained in the Al-Li-Hf alloys. Since these 
alloys have similar TM solute levels, Hf has a similar strengthening effect 
in Al-Li alloys with TM additions. As discussed in section 5. 3 the strength 
of an Al-Li containing alloy could be greatly improved with additions of Hf 
(or Zr). This improvement can be seen in figures 5, la and 5, lb.
The best Al-Li-Zr alloy <ZR3, see Table 5. 13) reached peak strength 
after 2. 5h at 190*C. This compares with alloys A5 and A6 which reached peak 
strength after Ih and IOh at the same temperature respectively. After 
longer ageing times the yield strength of ZR3 was 460MPa, a decrease of 13% 
and is lower than the yield strength of alloy A6 which decreased only by 
6%. This is attributed to the low diffusivity of Hf in Al which promotes 
greater thermal stability.
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The elongation to failure of alloy A2 (figure 5. lc) is greater than any 
of the other alloys. An Increase in tensile strength of PM Al-Li-TM alloys 
is accompanied by a reduction in the ductility of the alloy from 12% at 
200MPa Cov) to 3% at 500MPa <ctv).
The specific tensile properties of the alloys are plotted in figure
5.3. As expected the binary Al-Li alloy offers the lowest strength levels. 
Again alloys ZR2, ZR3 and ZR4 exhibit the best specific strength since they 
have the highest solute levels and similar densities. However there is 
little difference between the specific strength of ZR1 (173.9), ZR5 (166.9) 
and A5 (168.1) and A6 (152.6).
5.4.3 Implications for the design of PM Al-Li-Hf alloys
In recent years the Al producing companies (Alcan, Alcoa) and the 
aerospace Industry have made efforts to replace the existing 2000 and 7000 
series alloys with Al-Li based alloys. The typical target levels for 
strength and ductility are indicated on figures 5. la, 5. lb and 5. lc. Whilst 
alloys A5 and A6 approach the level of the 2000 series, they fall short of 
the 7000 series alloys. Below several suggestions are made as to how the 
strength levels of Al-Li-Hf alloys could be increased
(i) Increase the solute content of the alloy.
Increasing the level of solute of the alloy could increase the volume 
fraction of precipitates and the alloy strength. The limiting factor here 
is the solubility limit of Hf and Li in Al. Using HPGA, the solubility 
limit of Hf in Al has been extended to 2wt%Hf in 45pm powder particles. The 
limit of Li in Al for 45pm particles has not been assessed but the results 
of this work suggest that it is at least 2wt%Li. Further increases of these 
values require that solidification under higher cooling rates should be
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imposed on the alloys. This could be achieved in two ways.
<a> Use an alternative RS technique such as splat quenching or chill block 
melt spinning (CBMS). Hori et al. (1981) have demonstrated that by using 
this technique, the solubility limit of Hf in AX can be extended to almost 
6wt%. However the main drawback of this technique is the small amount of 
material which can be processed (gr) as compared with HPGA (kg). On the 
other hand CBMS and/or planar flow casting followed by pulverisation of the 
RS ribbon (the Allied approach for RS Al based alloys) could produce bulk 
quantities of RS powder with Hf solute levels approaching 6wt% and Li 
content around 4wt%. In order to minimise oxidation of the ribbon, 
processing should be done under controlled conditions.
(b> Gas atomisation may be used to produce finer (sub 20pm> powders. The 
processing conditions required to produce fine powder have been discussed 
in section 2.3 and require the use of: (i) He as the atomising gas (in
order to increase the fraction of the fine powders and (11) a powder 
classification (separation) system. The latter should be used under 
controlled conditions in order to minimise the chances of powder 
contamination including further oxidation of the Al-Li alloy powders. 
Furthermore, the coarser powders could be wasted unless some other use is 
found for them. The handling of fine powders could also create health and 
safety risks. The economic implications of the above most probably could 
create disadvantages for the PM processing route and should be considered 
in connection with the improvements offered by the PM material.
(ii) Change the precipitate/matrix relationship.
For small (<5nm) coherent precipitates such as 5' and a ' the associated 
strengthening mechanism is that of precipitate shearing. It is only when 
the precipitate size is larger <*8nm> that precipitate looping is found to
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dominate. However by altering the coherency between the precipitate and 
matrix the strengthening mechanism could change to precipitate looping. At 
smaller precipitate sizes <4-5nm> this would result in an increase in the 
strength of the alloy.
<iii) Increase the volume fraction of filamentary precipitates.
Of the three suggestions this may be the easiest to perform. Levoy and 
Vandersande <1989) have shown that for Al-Li-Hf alloy powders processed 
under certain conditions as much as 90% of the precipitates produced were 
filamentary. The formation of filaments via the discontinuous precipitation 
reaction is dependent on the amount of solute within the matrix, the number 
of grain boundaries and their ability to move and the associated thermal 
treatment. A fine grain size will result in a large number of grain 
boundaries and a high solute content is necessary for the formation of 
filaments. The thermal treatment required to form the maximum fraction of 
filamentary precipitates has not been investigated in this work. However it 
seams likely that higher volume fractions of filamentary precipitates will 
result in higher alloy strengths. For example figure 5.4 is a plot of 
volume fraction of filamentary precipitates vs strength for a mean size of 
spherical precipitates of 8nm (similar to the size observed in this work). 
In this work *50% of the precipitates were filamentary in morphology and 
with f=0.1, a precipitation strength of *300MPa was observed. For a 
fraction of 90% of filamentary precipitates a strength of *400MPa could be 
achieved, an increase of lOOMPa (or *30% increase in strength).
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Table 5. 1: Cooling rates at various wedge thicknesses for chill cast
Al-Hf alloys.
Thickness of 
wedge (pm)
Dendrite Arm 
spacing (pm)
Estimated cooling'*’ 
rate (Ks-1>
Calculated cooling* 
rate (Ks"1)
200 1. 3 6x10* 1.6x10*
500 2. 2 1*10* 8xl03
1000 2. 7 6xl03 3.2x103
1500 4. 0 2xl03 2xl03
2000 4. 5 lxlO3 1.6xl03
+ from eq. (5.2) * from eq. <5. 1)
Table 5.2: Critical thickness of wedge for precipitation of the metastable 
and equilibrium Al3Hf phases.
Alloy
(wt%)
tCPlt <Lla-AlaHf> 
[ mm3
tc: 1- 1 b <D023-Al3Hf) 
t mm3
Al-0.5Hf >5 not observed
Al-1.77Hf 2. 01 not observed
Al-2.08Hf 0. 91 12
Al-4. 37Hf not observed 2. 14 <L12 -> D02:3)
Table 5. 3: Estimated absolute stability velocities for 
diagram data from Saunders (1990).
Al-Hf alloys. Phase
Alloy T i_ o <  T S o t
K K
ATo
K mms_. •,
Al-0.5Hf 936. 3 933. 8 2. 5 6. 94
Al-1. 04Hf 938. 8 934. 2 4. 6 12. 80
Al-1.48Hf 941.8 934.9 6. 9 19. 20
Al-2. 08Hf 944. 7 935. 5 9. 2 25. 5
Al-3.07Hf 949. 2 936. 3 12. 9 36. 00
Al-4.37Hf 955. 7 937.6 18. 1 50. 00
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Table 5.4: Hardness of Al-Hf alloy solid solutions
Hf Cone. Hardness Hv (Kgmnr3)
wt% at% Experimental Calculated
0 0 32 32
0. 34 0. 05 45 32. 4
0. 50 0. 08 58 32. 8
0. 70 0. 11 59 33. 2
1. 04 0. 16 62 34. 0
1. 48 0. 23 61 35. 2
1. 77 0, 27 66 35. 9
+ from eq. (2. 42)
Table 5.5: Summary of microstructural data for the Al-1. 6wt%Hf alloy
Time
(h)
/ Temp
(*C>
1 L
I (x io -7m>
r
(nm)
f Grain Size 
(pm)
Specimen
Thickness
100 / 300 I 3. 21 4. 91 0. 020 1. 2 130
100 / 400 I 4. 27 4. 55 0. 014 1. 3 84
1000 / 300 ! 2. 46 5. 11 0. 027 1. 4 112
1000 / 400 I 3. 46 5. 03 0. 019 1. 5 141
Table 5.6: Calculated strength contributions for particle shearing and 
looping for the Al-1.6wt%Hf alloy
Time / Temp Particle Shearing Mechanisms (MPa) I Orowan
(h) (°C> I Coherency 1 ______ Surface Modulus Order TOTAL (MPa
100 / 300
1
1 5. 48 0. 64 21. 1 43. 8 71. 1 24. 1
100 / 400 1 6. 49 0. 82 24. 5 50, 8 82. 6 31. 5
1000 / 300 I 4, 41 0. 48 17. 8 36. 0 58. 7 18. 1
1000 / 400 I 5. 40 0. 59 20. 6 43. 5 70. 1 22. 3
Table 5.7s Yield strength and calculated strength contributions for the
aged Al-1. 6wt%Hf alloy
Time / Temp | 
<h> CC) | Ov
Strength Contributions
crC3
(MPa)
o ff ’ Ao
100 / 300 | 136 75. 2 58. 9 25, 7 -23. 9
100 / 400 | 130 72. 8 44. 2 19. 4 -6. 4
1000 / 300 | 142 70. 7 76. 9 33. 6 -39. 4
1000 / 400 | 132 68. 8 54. 6 23. 9 -15. 3
Ag is the solid solution strength, Ag = cry - (gQS + <rP P T N ) from eq. <5 . 7 ) 
with crppTN = gls + VtT (linear s u perposition rule)
Table 5.8: Calculated solid solution strengthening for different addition 
rules for the Al-1. 6wt%Hf alloy
Time
(h)
/ Temp I 
CC) |
Solid Solution 
A
Strengthening Ag " (MPa) 
B C D
100 / 300 | -23. 9 -3. 5 -8. 9 -3. 4
100 / 400 ( -6. 4 8. 9 4. 8 9.0
1000 / 300 | -39. 4 -12.6 -19.8 -12. 5
1000 / 400 I -15. 3 3.6 -1.5 3. 7
H* A ct — ffy — ((Jq s  f o p^ p t n )
A: Op>PTN — Cl.13 + o'i_f
B: ffppTN* ~ + g^"-
p. rr C3/2J = fr SC3/2) J. rr PC3/2)O .  <Jf=.R T N  — G u  T  O t_
D: Law of mixtures
Table 5. 9: Summary of the microstructural data for alloys A5 and A6
Alloy Condition 1 L 
I (xlO-^m)
r
(nm)
f Grain 
Size (pm)
Specimen 
Thickness (nm)
A5 450*C / 2h (ST) 1 1.96 4. 71 0. 031 1. 2 74
A5 ST + 190 °C/IOh I 1. 10 8. 67 0. 095 1. 3 112
A6 450 *C / 2h (ST) I 1. 84 5. 31 0. 037 1. 1 94
A6 ST + 190*C/10h 1 0. 72 12. 58 0. 189 1. 2 87
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Table 5.10: Comparison of strength contributions between particle shearing 
and particle looping for alloys A5 and A6
Alloy Condition I Particle Shearing Mechanisms (MPa) I
i Coherency Surface Modulus Order TOTAL I 1
Orowan
(MPa)
A5 450 *C / 2h <ST>
1
I 6. 2 0. 15 66. 3 54. 0 126.7 | 36. 3
A5 ST + 190*C/10h I 14. 6 0. 26 108. 9 86. 2 210.0 | 64. 7
A6 450*C / 2h (ST) 1 7. 1 0. 16 72. 1 61. 4 140.8 | 38. 7
A6 ST + 190"C/10h 1 24. 9 0. 35 139, 8 102. 8 276.9 | 98. 9
Table 5. 11: Analysis of the strength contributions for alloys A5 and A6
Alloy Condition I Strength (MPa)
1 °v c t l : 3 o f f Act”
~ ~ 1 
A5 As extruded | 94 295 - _ 201
A5 450*C / 2h (ST) I 75 364 55. 5 96. 8 137
A5 ST + 190°C/10h I 72 372 99. 1 172. 7 28. 2
A6 As extruded j 91 277 - - 186
A6 450*C / 2h (ST) I 76 341 59. 2 103. 2 102. 6
A6 ST + 190°C/10h | 74 383 151. 3 264. 6 -106.9
+ Act is the solid solution strength, Acr = ctv ~ (C(33 + o>.FTN) from eq. (5. 7)
with a,=.PTN = aus + (linear superposition rule)
Table 5. 12: Calculated solid solution 
addition rules
stregthening for different
Alloy Condition |
1
Solid Solution Strengthening (Act) 
A B C
(MPa)
D
~  | 
A5 450*C / 2h (ST) I 137. 0 177. 4 165. 9 181. 3
A5 ST + 190°C/10h i 28. 2 100. 9 80. 3 107.8
A6 450*C / 2h (ST) | 102. 6 119. 0 133. 7 150. 2
A6 ST + 190°C/10h 1 -106.9 4. 2 -27. 2 14. 9
+ Act — ctv  — (ctb «; +  C T pptn  )
At CTPF.T N  =  CTl.® +  O f f P ♦ /*r <1 3 / ^  J /r  S  < O , U p p t N  ° L 3 / 2  J -J. 0^ Is•" K 3  /  2  >
B: CTpp*p[ii2  = CTl.1^ '"' +  ff|_F '< D: Law of mixtures
Table 5. 13: Tensile Data for Al-Li, Al-Li-Zr and Al-Li-Hf Alloys
Alloy Alloy Comp. (wt %) °V UTS %E Reference
Code Li Zr Hf (MPa) (MPa)
ZR1 2. 80 0. 14 - 433 474 4. 0 1
ZR2 2. 80 0. 81 - 530 540 4. 8 2
ZR3 4. 08 1. 05 - 590 595 2. 8 2
ZR4 2. 54 0. 66 - 530 - 2. 8 3
ZR5 3. 40 0. 50 - 409 430 8. 4 4
A2 2. 25 _ - 180 251 11. 5 This work
A5 2. 20 - 1. 23 416 460 4. 9 This work
A6 2. 64 1. 60 383 414 3. 7 This work
1 - Palmer, 1980 2 - McShane et al, 1989
3 - Mahmoud et al, 1987 4 - Shin et al, 1989
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Alloy Code
UJ
vp0s"
Figure 5. 1: Plots of (a) Yield strength, (b) UTS and (c) % Elonagtion
for Al-Li-Zr, Al-Li and Al-Li-Hf alloys
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' (a) 600
0 * r  i i i------------------------i----------------------- 1-----------------------
2 4 6 8 10 12 14
% Elongation
a  Al-Li-Zr alloys *  Al-Li alloys x Al-Li-Hf alloys
a  Al-Li-Zr alloys *  Al-Li alloys x Al-Li-Hf alloys
Figure 5.2: Plots of <a) Yield strength and (b) UTS vs % Elongation for
Al-Li-Zr, Al-Li and Al-Li-Hf alloys
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ZR1 ZR2 ZR3 ZR4 ZR5 A2 A5 A6 
Alloy Code
ZR1 ZR2 ZR3 ZR5 A2 
Alloy Code
Figure 5.3: Plots of (a) Specific Yield Strength and (b) Specific UTS for
Al-Li-Zr, Al-Li and Al-Li-Hf alloys
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Strength (MPa)
Figure 5.4: Precipitation strength levels (calculated from eq. (5.11)) 
for 8nm precipitates in Al-Li-Hf alloys
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CHAPTER 6
CONCLUSIONS AND SUGGESTIONS FOR FUTURE WORK
<1> Additions of Hf in Al-Hf alloys chill cast into a wedge shaped copper 
meould increase the lattice parameter of oc-Al at 0. 003A/wt%Hf and hardness 
at 167MPa/wt%Hf up to 2wt%Hf, the solubility limit.
<2> At a wedge thickness below 1.6mm, the primary Ll3i-Al3Hf phase formed in 
alloys with 2wt%>Hf>5wt%. For the Al-2. 08wt%Hf alloy the metastable phase 
was replaced with the equilibrium Al3Hf phase at a wedge thickness of 12mm. 
The raetastable phase was responsible for the observed grain refinement from 
480pm to *4pm.
(3) In rapidly solidifed gas atomised Al-Hf alloy powders at least 2wt%Hf 
is retained in solid solution in the sub 45pm size powders.
<4> The chill cast alloy grain size and solid solution strengthening cannot 
account for the strength of the Al-Hf solid solutions. The unaccounted 
strength is attributed to clusters of Hf <<10A> present in the extended 
solid solution.
<5> The chill cast Al-Hf solid solutions decompose at 400,C to give 
continuous precipitation of spherical precipitates and discontinuous 
precipitation of rod/filament-like precipitates of the metastable phase. 
This was also confirmed in studies of the HPGA Al-Hf alloy powders.
6. 1 Conclusions
<6> The equilibrium Al3Hf phase was not observed in the aged chill cast Al- 
Hf alloys or in the aged Al-Hf alloy powders, even after lOOOh at 400*C. 
However the equilibrium Al3Hf phase was observed after lOh at 500*0 in the 
Al-Hf alloy powders.
<7> In the HPGA Al-Li and Al-Li-Hf alloy powders, the Li and Hf were 
retained in solid solution after atomisation and extrusion.
<8> In HPGA Al-Li-Hf alloy powders, the Ll^-Ala(Li, Hf) phase formed during 
solution treatment at 450*0, both as spherical precipitates by continuous 
precipitation and as filaments by discontinuous precipitation.
(9) In HPGA Al-Hf alloy powders the volume fraction of filaments was 20% as 
compared with 50% for the HPGA Al-Li-Hf alloy powders.
(10) Precipitate looping is the dominant strengthening mechanism in both 
Al-Hf and Al-Li-Hf alloy powders.
(11) Solid solution strengthening makes a significant contribution to the 
strength of both Al~Hf and Al-Li-Hf alloy powders in the extruded 
condition. In the peak aged condition the solid solution strengthening 
contribution is diminished. Grain size strengthening contributes 50% and 
20% to peak strength of Al-Hf alloys and Al-Li-Hf alloys respectively.
(12) The high level of solid solution strength in Al-Li-Hf alloy powders is 
considered as further indirect evidence of the existence of precursor 
phase/s to 6'
6.2 Suggestions For Future Work
The following are recommended for future work.
(1) Investigate the possibility of increasing the Li and Hf content in HPGA 
Al-Li-Hf alloy powders to *4. 5wt%Li and -2 . 4wt%Hf respectively. Higher 
strength levels could be-attained at an even lower alloy density.
(2) Investigate the effect of the solution treatment temperature in the 
range 350-550*C on phase morphology and volume fraction of spherical and 
filamentary precipitates.
<3) Change the processing route from high pressure gas atomisation to spray 
deposition in order to eliminate the consolidation steps and study 
precipitation reactions and the strength of the spray deposited material.
<4> Investigate further the possibility of Hf clustering in Al-Hf alloys.
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List of Symbols
c - Composition
D - Diffusion coefficient
E - Youngs Modulus
ef - Enrichment factor
G - Gibbs Free Energy, Shear modulus
G* - Activation energy
Gj_s _ free energy change (from liquid to solid)
gl - temperature gradient
H - Hardness
I - constant in atomisation process
J - flux
- Wavelength
KB - Boltzmans constant
Kd - Lubanska constant
kf - Fontaine constant
Kq - Bulk modulus of precipitate
KhF> - Constant in Hall Petch equation
If - wave number of fastest growing wave in liquid ligament
L-r - Latent heat of fusion
L - Interparticle spacing
M - concentration of solute
- mass of powder particle
N - Nucleation rate
- Mach number
Nwe - Weber number
Nrr - Prandlt number
Nre - Reynolds number
Nnu - Nusselt number
Nc - Number of embryo formed at rc
Ni - Number of atoms in the liquid
P - Pressure
R - Gas constant
Ha - radius of ligament
Sp - Surface area of particle
T - Temperature
f - cooling rate
V - solidification front velocity
v*b - absolute stability velocity
v* — exit velocity of atomising gas
vra - Molar volume
vvro*x - sonic gas velocity
w - Law of mixtures term
X - Mole fraction
a - Atomic distance
b - Burgers Vector
c - heat capacity
d — grain size, powder size
d* - mass median powder size
do _ melt stream diameter
f - Volume Fraction
h - Heat transfer coefficient
k - Partition coefficient
m - Liquidus slope
n — viscosity
p (x) - probability
q - Heat flow
r - Radius, curveature
- line tension of dislocation
X - Thickness
y - Law of mixtures term
a - Thermal Diffusivity
P - Solid/liquid interfacial energy
5 - misfit parameter
£ - Misfit Strain
Ya p b - energy of anti-phase boundary
7 s - Interfacial Energy
n - atomic size factor
X - particle spacing in Orowan-Ashby equation
Xc - Dendrite arm spacing
Xmi»x - maximum wavelength of ligament'
F - chemical potential
V - Poisson Ratio
P - Density
a - Stress
X - Shear Stress
k - Coherency strengthening
- Surface hardening
- Modulus strengthening
TL - Orowan strengthening
to - Order strengthening
0 - Angle
a - Thermal condutivity
A - Change in
r - Gibbs-Thompson coefficient
